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interface with the isolated Pt slab and with the isolated Nafion monomer
in both its initial and optimized geometries. . . . ... ... ... ... ...

XI

103

104



Fig. 4.25: (Initial (a) and optimized (b) geometries of configuration 1 for the Pt+H,O+Nafion
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face with an O-Pt bond length of 2.02-2.05 A. Gray: platinum atom; Yel-
low: sulfur atom; Silver: fluorine atom; Red: oxygen atom; Brown: carbon
atom; Light-pink: hydrogenatom. . . . . ... ................. 105
Fig. 4.26: Charge density difference (CDD) at the Pt(111)/H,O/pristine-Nafion in-
terface. Green and yellow isosurfaces (isosurface level: 0.008) indicate
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the subsequent figure. Gray: platinum atom; Yellow: sulfur atom; Silver:
fluorine atom; Red: oxygen atom; Brown: carbon atom; Light-pink: hy-
drogenatom. . . ... ... ... .. 106
Fig. 4.27: Local density of states (LDOS) of the two selected Pt surface atoms for pris-
tine Nafion (17 fluorine atoms) and degraded Nafion (16 fluorine atoms).
The LDOS of the full Pt+Nafion+H,O interfaces is compared with that of
the isolated Pt slab to highlight the differences in electronic redistribution
induced by pristine and degraded polymer environments. . . . . . ... .. 107
Fig. 4.28: Local density of states (LDOS) of the three oxygen atoms (O1, O2, O3) in
the -SO3H group for pristine Nafion (17 fluorine atoms, left panels) and
degraded Nafion (16 fluorine atoms, right panels). Each plot compares
the LDOS of the full Pt+Nafion+H,O interface with those of the isolated
Nafion monomer in its initial and optimized geometries, illustrating the
changes in electronic structure induced by polymer degradation. . . . . . . 108
Fig. 4.29: Schematic of total energy differences (eV) between structures in the mech-
anism of (a) configuration 1 under low hydration level (A = 3): OH forma-
tion and interaction with H,O and SOsH group separation, (b) configura-
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H307, and (d) configuration 2 under high hydration level (A = 6): SOsH
detachment and formation a H3O". Gray: platinum atom; Yellow: sulfur
atom; Green: fluorine atom; Red: oxygen atom; Dark-blue: carbon atom;
Light-pink: hydrogenatom. . . ... ... ................... 111

Fig.5.1: y —z, and x — y planar views of the Si(110) slab: (a) initial and (b) opti-
mized structure of Si(110) with 4 atoms of oxygen at the surface. (c) initial
and (d) optimized structure of Si(110) with 14 atoms of oxygen at the sur-
face. Blue: silicon atom; Red: oxygen atom; Light-pink: hydrogen atom. . . 116
Fig.5.2:  Adsorption energies of a- and S-phase PVDF on Si(110) surfaces with dif-
ferent oxygen coverages, compared with O-free Si surfaces. The plot high-
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Fig. 5.3:
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Fig. 5.6:
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Fig. 5.8:

Adsorption of a-PVDF with 4 oxygen atoms on the Si surface: (a) facing
the fluorine side, (b) facing the hydrogen side. Adsorption with 14 oxy-
gen atoms on the Si surface: (c) facing the fluorine side, and (d) facing
the hydrogen side. i and f correspond to the initial and final structures.
Blue: silicon atom; Red: oxygen atom; Light-pink: hydrogen atom; Gray:
fluorine atom; Brown: carbonatom. . . . . . ... ... ... ... ......
Local density of states of a Si atom at the top of the surface in 4 different
configurations as indicated in the legend. Filled green: on the pristine Si
surface, yellow: on the oxidized Si surface, red: on the pristine Si surface
with a-PVDE, blue: on the oxidized Si surface with a-PVDE. In panels (a)
and (b), the oxidized surface includes 4 and 14-oxygen atoms, respectively,
and the binder faces the surface with the fluorine side. In panels (c) and
(d), the oxidized surface includes 4 and 14-oxygen atoms, respectively, and
the binder faces the surface with its hydrogen side. In the insets, the focus
is on the energy region of the Fermi level (E — Erepyyi =0). . . . . . . . . ..
Charge density difference (Ap) maps for the adsorption of a-PVDF on
Si(110)/O surfaces with 4 and 14 oxygen atoms are shown in panels (a),
(b), (d), and (e). In panels (a) and (b), the binder interacts with the surface
through its fluorine side, while in panels (d) and (e) it faces the surface
with its hydrogen side. Panels (c) and (f) report the LDOS of a representa-
tive fluorine atom (c) and hydrogen atom (f) of the binder for the O-free,
4-O, and 14-O surfaces. Green and yellow isosurfaces (isosurface level
= 0.001 e/A%) indicate charge accumulation and depletion, respectively.
Blue: silicon; red: oxygen; light-pink: hydrogen; gray: fluorine; brown:
carbon.. . . .. L
Adsorption of B-PVDF with 4 oxygen atoms on the Si surface: (a) facing
the fluorine side, (b) facing the hydrogen side. Adsorption with 14 oxy-
gen atoms on the Si surface: (c) facing the fluorine side, and (d) facing
the hydrogen side. i and f correspond to the initial and final structures.
Blue: silicon atom; Red: oxygen atom; Light-pink: hydrogen atom; Gray:
fluorine atom; Brown: carbonatom. . . . . . ... ... ... ... ......
Local density of states of a Si atom at the top of the surface in 4 different
configurations as indicated in the legend. Filled green: on the pristine Si
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and (b), the oxidized surface includes 4 and 14-oxygen atoms, respectively,
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the binder faces the surface with its hydrogen side. In the insets, the focus
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Charge density difference (Ap) maps for the adsorption of f-PVDF on
Si(110)/0O surfaces with 4 and 14 oxygen atoms are shown in panels (a),
(b), (d), and (e). In panels (a) and (b), the binder faces the surface with its
fluorine side, while in panels (d) and (e) it faces the surface with its hydro-
gen side. Panels (c) and (f) report the LDOS of a representative fluorine
atom (c) and hydrogen atom (f) of the binder for the O-free, 4-O, and 14-
O surfaces. Green and yellow isosurfaces (isosurface level = 0.001 e/ A3)
indicate charge accumulation and charge depletion, respectively. Blue: sil-
icon; red: oxygen; light-pink: hydrogen; gray: fluorine; brown: carbon.
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(a) Optimized adsorption geometry of B-PVDF on the Si(110)/0O surface
in the presence of a surface hydrogen atom. During relaxation, the hy-
drogen binds to a surface oxygen, forming an -OH group that induces
a rotation of the fluorine-facing B-PVDF monomer toward the hydroxyl
site. (b) charge density difference (CDD) map for the same configuration,
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group that pulls the B-PVDF chain closer and induces a slight axial rota-
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Introduction

Electrochemical energy-conversion and energy-storage technologies lie at the heart of the global
transition toward cleaner and more sustainable power systems. Devices such as proton ex-
change membrane fuel cells (PEMFCs) and lithium-ion batteries (LIBs) play crucial roles in
decarbonizing transportation, enabling renewable-energy integration, and powering portable
electronics. Their performance, durability, and efficiency, however, are governed not only by
their bulk materials but by the atomic-scale processes that occur at their internal interfaces.
Charge transfer, ion transport, polymer degradation, and mechanical stability all originate from
nanoscale interactions between electrodes, electrolytes, catalysts, and polymeric components.
Understanding these interactions from first principles is therefore essential for the rational de-
sign of next-generation electrochemical devices.

Among the many interfaces in these systems, two are particularly critical. In PEMFCs, the
boundary between Nafion ionomer and platinum catalyst determines the effectiveness of pro-
ton conduction and the stability of the catalyst layer. Conversely, in silicon-based LIB anodes,
the interaction between Si surfaces and polymeric binders such as poly(vinylidene fluoride)
(PVDF) controls mechanical adhesion, solid-electrolyte interphase (SEI) formation, and long-
term cycling behavior. Despite their technological importance, both interfaces remain challeng-
ing to study experimentally due to their buried nature and complex chemical environment.
Here, first-principles simulations based on density functional theory (DFT) offer a powerful
route to uncovering the mechanisms that govern interfacial stability and charge redistribution.

The work presented in this dissertation employs DFT to investigate, at the atomistic level,
how polymer orientation, hydration structure, and surface chemistry influence polymer-electrode
interactions in PEMFCs and LIBs. For the fuel-cell system, three distinct configurations of
Nafion monomers interacting with hydrogen-covered Pt(111) surfaces were constructed to as-
sess how proximity and functional-group orientation affect charge transfer, hydronium for-
mation, and structural stability. The results show that the optimized configurations depend
sensitively on the initial placement of the -SO3zH group relative to the Pt surface, which acts
as a computational artifact guiding the relaxation toward different local minima. When the
group is initially placed too close to the surface, relaxation leads to polymer degradation and
significant surface distortion. By contrast, starting from a larger initial separation of 4 A allows
the system to relax into a lower-energy configuration characterized by hydronium formation
without damaging either the polymer or the Pt surface.

In the battery study, the adsorption of both a- and B-phase PVDF on oxidized Si(110) sur-
faces was systematically analyzed, including the effects of oxygen coverage and surface -OH
formation. The two phases exhibit markedly different behaviors: the non-polar a-phase inter-
acts weakly through reversible hydrogen bonding, whereas the polar p-phase shows strong
orientation-dependent adhesion governed by dipole alignment. Surface hydroxylation further
amplifies these effects through modified charge transfer and interfacial polarization. Together,
these results establish clear design principles for selecting or engineering binder materials ca-
pable of improving interfacial adhesion, stabilizing the SEI, and enhancing the mechanical ro-
bustness of silicon anodes.
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Overall, this dissertation provides a unified atomistic framework for understanding polymer-
electrode interfaces in two of the most important electrochemical devices of our time. By link-
ing molecular-level interactions to macroscopic performance, the study delivers both funda-
mental insight and practical guidelines for designing more efficient, durable, and chemically
resilient fuel-cell membranes and high-capacity battery anodes.
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“Everything we call real,
is made of things,
that cannot be regarded as real.”

— Niels Bohr —
Nobel Prize Laureate in Physics — 1922

1. Fundamentals of Electrochemical En-
ergy Devices

In this chapter, we examine electrochemical energy conversion and storage devices, focus-
ing on fuel cells (Sec. 1.1) and batteries (Sec. 1.2), which are pivotal to addressing global energy
challenges. Fuel cells, with their diverse chemistries and applications, offer clean energy solu-
tions, while lithium-ion batteries (LIBs) dominate portable and grid-scale storage due to their
high efficiency and scalability. We begin with historical context and classifications, then delve
into material-specific challenges, including electrocatalysts, electrolytes, and interfacial phe-
nomena. The chapter concludes with a discussion of persistent limitations and the objectives
of this work (Sec. 1.3), setting the stage for subsequent chapters.

% Chapter Outline

* Fuel Cells (Sec. 1.1)
o Historical evolution and operational principles.
(Sec. 1.1.1)

o Comparative analysis of fuel cell types (AFC, PAFC, SOFC, etc.) and their electro-
chemistry.
(Sec. 1.1.2.1-1.1.2.6)

o Critical materials: Platinum-based electrocatalysts and Nafion electrolytes.
(Sec. 1.1.3-Sec. 1.1.5)

e Batteries (Sec. 1.2)

o Development and dominance of lithium-ion technology.
(Sec. 1.2.1)

o Component-level breakdown: Anodes, cathodes, electrolytes, and interfacial layers.
(Sec. 1.2.2)

¢ Challenges and Objectives (Sec. 1.3)

o Key bottlenecks in efficiency, cost, and durability

o Research aims to overcome these barriers



1.1 Fuel Cells

Fuel cells are open thermodynamic systems that operate based on electrochemical reac-
tions, continuously consuming reactants supplied from an external source. Unlike conven-
tional power generation methods that rely on combustion, fuel cells generate electricity and
heat directly through an electrochemical process, which can be considered the reverse of elec-
trolysis. In essence, a fuel cell is an energy conversion device that efficiently transforms chem-
ical energy into electrical energy through redox reactions, typically involving hydrogen and
oxygen as the primary reactants [1-4].

Despite the promising efficiencies and environmental benefits offered by fuel cell technol-
ogy, translating early scientific advancements into commercially viable industrial products has
proven challenging [5-7]. This difficulty may be partially attributed to the insufficient devel-
opment of comprehensive theoretical studies, along with the lack of advanced modeling and
simulation tools for fuel cells. The main aims of this study are to address this gap, providing
a deeper understanding of the underlying principles and enhancing the predictive capabilities
of fuel cell systems, ultimately advancing their commercialization and practical application.

1.1.1 Historical Overview: Two Centuries of Development

The origins of fuel cells remain a topic of debate. According to the U.S. Department of
Energy [8], German chemist Christian Friedrich Schonbein first observed the fuel cell phe-
nomenon in 1838, publishing his findings in Philosophical Magazine in early 1839. However,
other sources credit Sir William Grove, who that same year demonstrated a hydrogen fuel cell
by immersing platinum electrodes in sulfuric acid while exposing them separately to hydrogen
and oxygen, generating a continuous electric current [9]. Further advancements came in 1893
when Friedrich Wilhelm Ostwald, a pioneer of physical chemistry, established the theoretical
framework for fuel cells by defining the roles of electrodes, electrolytes, and ion transport [10].
While Grove had hypothesized about the gas battery’s reaction zones, Ostwald’s research pro-
vided the first comprehensive explanation of the electrochemical processes of the gas battery.
The transition toward practical applications began in 1896 with William W. Jacques, who devel-
oped an early fuel cell prototype. By 1900, Walther Nernst introduced zirconium-based solid
electrolytes, paving the way for modern advancements in fuel cell technology [11].

In the 20th century, fuel cell technology advanced from theoretical concepts to practical
applications. Early contributions came from William W. Jacques and Emil Baur, with Baur
developing the first molten carbonate fuel cell in 1921 and experimenting with solid oxide elec-
trolytes in the 1930s [12]. A major breakthrough occurred in 1933 when Thomas Francis Bacon
built the first hydrogen-oxygen fuel cell capable of practical use. By 1939, he had developed
a high-pressure alkaline fuel cell, which later found military applications in World War II. His
research eventually led to the fuel cells used in NASA’s Apollo missions. The 1950s marked an-
other turning point with the introduction of polytetrafluoroethylene (PTFE), known as Teflon,
which improved the stability and efficiency of fuel cells. Thomas Grubb and Leonard Niedrach
at General Electric pioneered the proton exchange membrane fuel cell (PEMFC) by incorpo-
rating ion-exchange membranes and platinum catalysts, leading to its use in NASA’s Gemini
program. By the 1960s, phosphoric acid fuel cells (PAFCs) emerged, and further developments
throughout the 1970s focused on improving efficiency, durability, and cost reduction [13]. In
1990, NASA’s Jet Propulsion Laboratory, in collaboration with the University of Southern Cal-
ifornia, developed the first direct methanol fuel cell, marking a significant milestone in the
commercialization of fuel cell technology.

The 21%! century has witnessed a significant expansion of fuel cell technology, transitioning
from research and development to widespread commercial applications [14]. Today, numerous
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manufacturers are actively working on fuel cell systems across diverse industries, with partic-
ular emphasis on transportation, stationary power generation, and portable energy solutions.

¢ Stationary Applications: Fuel cells have become a reliable source of clean energy for crit-
ical infrastructure. Over 2,500 fuel cell systems have been deployed globally in hospitals,
hotels, office buildings, schools, and elderly care centers. These systems operate either as
supplementary power sources connected to the electrical grid or as independent genera-
tors in remote areas. In the telecommunications sector, where uninterrupted power sup-
ply is essential, fuel cells have demonstrated exceptional reliability, achieving an uptime
of 99.999% [15-20].

* Applications in Transportation: The transportation industry has seen remarkable ad-
vancements in fuel cell technology, with major automotive manufacturers incorporating
hydrogen fuel cells into their vehicle designs. In 2007, Honda introduced the FCX Clarity,
the first mass-produced hydrogen fuel cell vehicle, marking a milestone in the commercial-
ization of this technology. Since then, fuel cells have been integrated into various modes
of transport, including buses, trains, ships, trucks, and even aircraft [21,22].

¢ Portable Power Solutions: Fuel cells have also found applications in portable power gen-
eration, particularly in off-grid locations. In outdoor recreational settings, such as camping
sites, fuel cells provide a cleaner and quieter alternative to diesel generators, reducing en-
vironmental impact while ensuring a stable power supply [23].

* Micro Power and Consumer Electronics: One of the most promising developments in fuel
cell technology is its potential to revolutionize consumer electronics. Companies like Mo-
torola, Toshiba, Samsung, Panasonic, and Sony have explored fuel cells as an alternative
power source for mobile phones and laptops, offering significantly longer battery life and
rapid recharge times. Direct methanol fuel cells (DMFCs) have emerged as a preferred
choice for these applications, demonstrating twice the runtime of LIBs with a recharge
time of just 10 minutes [24, 25].

As a summary, Fig. 1.1 presents a chronological overview of the key milestones and ma-
jor contributions to fuel cell development from its early discoveries in the 19 century to its
modern advancements in the 21% century. As fuel cell technology continues to evolve, ongoing
advancements in efficiency, cost reduction, and infrastructure development are paving the way
for a future where clean hydrogen energy plays a crucial role in global energy sustainability.
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Fig. 1.1: Historical timeline of major advancements in fuel cell technology, highlighting key
discoveries, innovations, and applications from the 19 century to the present.

1.1.2 Classification of Fuel Cells

A fuel cell consists of four fundamental components: the anode, cathode, electrolyte, and
an external circuit. At the anode, hydrogen undergoes oxidation, producing protons and elec-
trons. The electrons travel through the external circuit, generating electrical power, while the
protons migrate through the electrolyte to the cathode. At the cathode, oxygen is reduced and
combines with the protons to form water as the only byproduct.

Fuel cells vary in terms of operating temperature, efficiency, applications, and costs. They
are primarily classified based on the type of fuel and electrolyte used, forming six major cate-
gories [26]. Each type differs in power output, operating temperature, electrical efficiency, and
suitability for specific applications.

1.1.2.1 Alkaline Fuel Cell (AFC)

Alkaline fuel cells (AFCs) generate electrical power by utilizing an alkaline electrolyte, typ-
ically a potassium hydroxide (KOH) solution in water. The movement of hydroxyl ions (OH™)
through the electrolyte completes the circuit, allowing electrical energy to be extracted. Fig. 1.2
illustrates the structure and operation of an alkaline fuel cell. At the anode, two hydrogen gas
molecules react with four hydroxyl ions (OH™), producing four water molecules and releasing
four electrons. This oxidation reaction is expressed as follows [27]:

2H; +40OH™ — 4H,O +4e™ (Oxidation) (Eq. 1.1)

The released electrons travel through the external circuit to the cathode, where they par-
ticipate in a reduction reaction. At the cathode, an oxygen molecule reacts with two water
molecules and absorbs four electrons to form four hydroxyl ions (OH™), as represented by the
following equation:

0,+2H;O0+4e —40H™ (Reduction) (Eq. 1.2)
AFCs typically operate at temperatures between 60 °C and 90 °C, though recent advance-



ments have enabled operation at lower temperatures, ranging from 23 °C to 70 °C. They are
classified as low-temperature fuel cells and benefit from cost-effective catalysts. Nickel is the
most commonly used catalyst in both the anode and cathode, enhancing the electrochemical
reactions in AFCs.
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Fig. 1.2: Schematic representation of an Alkaline Fuel Cell (AFC).

1.1.2.2 Phosphoric Acid Fuel Cell (PAFC)

Phosphoric Acid Fuel Cells (PAFCs) utilize carbon paper electrodes and a liquid phosphoric
acid (H3POy) electrolyte. Phosphoric acid, a clear, colorless liquid composed of 3.09% hydro-
gen, 31.6% phosphorus, and 65.3% oxygen, is commonly used in fertilizers, detergents, food
flavoring, and pharmaceuticals. Due to its low ionic conductivity at lower temperatures, PAFCs
typically operate within a temperature range of 150—220 °C.

In this type of fuel cell, the charge carriers are hydrogen ions (H" or protons), which migrate
from the anode to the cathode through the electrolyte. The expelled electrons travel through
the external circuit, generating an electrical current. At the cathode, water is formed through
the reaction of electrons, protons, and oxygen in the presence of a platinum catalyst, which
accelerates the electrochemical process.

As illustrated in Fig. 1.3, hydrogen molecules at the anode split into four protons and four
electrons. The oxidation reaction occurs at the anode (Eq. 1.3), while at the cathode, the reduc-
tion reaction (Eq. 1.4) takes place, where four protons and four electrons combine with oxygen
to form water [28-30].

2H, — 4H" +4e” (Oxidation) (Eq. 1.3)

O, +4H" +4e” — 2H,0 (Reduction) (Eq. 1.4)
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Fig. 1.3: Schematic representation of a Phosphoric acid fuel cell (PAFC).

1.1.2.3 Solid Oxide Fuel Cell (SOFC)

Solid Oxide Fuel Cells (SOFCs) are a class of high-temperature fuel cells that utilize a solid
ceramic electrolyte composed of metal oxides. Fig. 1.4 illustrates the basic structure of an SOFC.
These fuel cells typically operate at temperatures around 1000 °C and commonly employ a mix-
ture of hydrogen and carbon monoxide produced through internal reforming of hydrocarbon
fuels-as the fuel, while atmospheric oxygen serves as the oxidant [2]. The most widely used
electrolyte in SOFCs is yttria-stabilized zirconia (YSZ), due to its excellent chemical and thermal
stability, as well as its high ionic conductivity [31,32].

At the cathode (also referred to as the air electrode), oxygen undergoes a reduction reac-
tion, forming oxide ions. These ions then migrate through the electrolyte to the anode, where
they participate in the oxidation of the fuel. The anode must be porous to allow fuel to reach
the reaction sites and to facilitate the removal of the byproducts of fuel oxidation from the
electrode-electrolyte interface [33,34]. The oxidation of the fuel at the anode is described by Eq.
1.5, while the reduction of oxygen at the cathode is shown in Eq. 1.6.

02 (s) — (1/2) O%*(g) +2e” (Oxidation) (Eq. 1.5)

H,O(g) +2e~ — O* (s) + Ha (g) (Reduction) (Eq. 1.6)
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Fig. 1.4: Schematic representation of a Solid Oxide Fuel Cell (SOFC), illustrating the high-
temperature electrochemical reactions occurring at the anode and cathode using a solid oxide
electrolyte.

1.1.2.4 Molten Carbonate Fuel Cell (M CFC)

Molten Carbonate Fuel Cells (MCFCs) are high-temperature electrochemical devices that
utilize a molten carbonate salt mixture as the electrolyte. This electrolyte is typically retained
within a porous, chemically inert ceramic matrix, often composed of beta-alumina solid elec-
trolyte (BASE) [29]. A schematic of a typical MCFC is shown in Fig. 1.5.

In an MCFC, the electrochemical reaction at the anode involves hydrogen fuel reacting with
carbonate ions (CO%‘), producing carbon dioxide (CO;), water (H,O), and electrons. The feed
gas, typically methane (CHy) mixed with steam (H,O), undergoes internal reforming at the
anode to generate hydrogen (H), carbon monoxide (CO), and carbon dioxide (CO,), which
then participate in the fuel cell reactions.

CH; + H,O — CO+3H; (Reform 1) (Eq. 1.7)

CO+H,O — CO;+H, (Reform 2) (Eq. 1.8)

Simultaneously, two electrochemical reactions occur at the anode, where hydrogen and car-
bon monoxide are consumed, and electrons are released. These reactions, represented by Eq.
1.9 and Eq. 1.10, both utilize carbonate ions (CO%’) from the electrolyte as reactants.

H, + CO32~ — CO, +H,O+2e~  (Oxidation 1) (Eq. 1.9)
q

CO +CO3*™ —2C0O;+2e~  (Oxidation 2) (Eq. 1.10)
q

At the cathode (Eq. 1.11), a reduction reaction occurs in which oxygen (O;) and carbon
dioxide (CO,) combine to form new carbonate ions (CO3~). These generated ions migrate
through the electrolyte toward the anode, where they participate in the oxidation reactions.



The flow of electrons through the external circuit between the electrodes generates an electric
current and cell voltage [35].

1/2) O, +CO; +2e~ — CO3%~  (Reduction) (Eq. 1.11)
q
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Fig. 1.5: Schematic representation of a Molten Carbonate Fuel Cell (MCFC), highlighting the
electrochemical reactions at the electrodes and the transport of carbonate ions through the elec-
trolyte.

1.1.2.5 Proton Exchange Membrane Fuel Cell (PEMFC)

In Proton Exchange Membrane Fuel Cells (PEMFCs), hydrogen molecules are dissociated at
the anode by a platinum-based catalyst, producing protons (H") and electrons (e~). The pro-
tons migrate through the polymer electrolyte membrane toward the cathode, while the elec-
trons are directed through an external circuit, generating electrical power. At the cathode, the
electrons recombine with protons and oxygen to produce water. The electrochemical reactions
at the anode and cathode are represented in Eq. 1.12 and Eq. 1.13, respectively. A schematic
diagram of a PEMFC is shown in Fig. 1.6.

Hy(g) — 2H" +2¢~  (Anode) (Eq. 1.12)
(1/2)02(g) +2H" +2e~ — H,O(1) (Cathode) (Eq. 1.13)
Ha(g) + (1/2) O2(g) — H2O(1) (Overall Reaction) (Eq. 1.14)

The Proton Exchange Membrane Fuel Cell (PEMFC) primarily consists of bipolar plates and
a membrane electrode assembly (MEA). The MEA is composed of a proton-conducting mem-
brane, a catalyst layer, and a gas diffusion layer, typically made of carbon cloth. The membrane
selectively allows proton transport from the anode to the cathode, while preventing the pas-
sage of electrons and reactant gases. The gas diffusion layer ensures the uniform distribution of



reactants across the electrode surface. The resulting electron flow through the external circuit
constitutes the usable electrical output of the cell.

PEMEFCs operate at relatively low temperatures, typically between 60 °C and 100 °C. Their
compact design, lightweight structure, and fast start-up capabilities make them well-suited for
portable and automotive applications. Compared to other fuel cell types, PEMFCs offer easier
sealing due to the solid nature of the electrolyte, extended operational lifetimes, and lower
production costs [36-38].

PEMEFC systems are typically employed in portable and stationary applications. Among
these, transportation stands out as the most promising application due to its ability to provide
a continuous electrical energy supply with high efficiency and power density. Additionally,
PEMEFCs require minimal maintenance since the power-generating stacks do not contain mov-
ing parts. Fuel cell vehicles (FCVs) represent the most viable application of PEMFC technology,
as the observable advancements in this field can significantly enhance the public acceptance of
such systems. According to a report by McNicol et al. [39], FCVs have the potential to compete
effectively with conventional internal combustion engine (ICE) vehicles. However, the initial
cost of FCVs remains higher than that of ICE vehicles.
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Fig. 1.6: Schematic representation of a Proton Exchange Membrane Fuel Cell (PEMFC), show-
ing the membrane electrode assembly (MEA), bipolar plates, and the flow of protons, electrons,
and reactant gases during operation.

1.1.2.6 Direct Methanol Fuel Cell (DMFC)

The Direct Methanol Fuel Cell (DMFC) is an advanced type of PEMFC, specifically de-
signed for portable energy applications. It is considered an ideal power source due to its
low-temperature operation, extended lifespan, and rapid refueling capabilities. Additionally,
DMEFCs do not require recharging, positioning them as a clean and renewable energy solution.
Fig. 1.7 depicts a direct methanol fuel cell (DMFC).

In DMEC systems, methanol serves as the energy source. At the anode, methanol undergoes
reforming to produce carbon dioxide (CO;), while at the cathode, steam or water is generated
through a reaction with the oxygen in the air. The corresponding reactions are presented in Eq.
1.15 and Eq. 1.16:



CH30H + H,O — CO, + 6H™ + 62~ (Anode) (Eq. 1.15)

(3/2) Oy +6e~ +6HT — 3H,0 (Cathode) (Eq. 1.16)

DMEC systems are typically categorized into active and passive types. Active DMFCs are
high-efficiency, reliable systems that include components such as a methanol feed pump, CO,
separator, fuel cell stack, methanol sensor, circulation pump, pump drivers, and controllers. In
contrast, passive DMFC systems eliminate the need for methanol pumping devices and exter-
nal air-blowing processes. In these systems, oxygen from ambient air diffuses into the cathode
through the air-breathing feature of the cell, while methanol diffuses into the anode from an in-
tegrated feed reservoir, driven by the concentration gradient between the anode and the reser-
voir. Passive systems are more cost-effective, simpler in design, and capable of significantly
reducing parasitic power loss and system volume.
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Fig. 1.7: Schematic representation of a Direct Methanol Fuel Cell (DMFC), illustrating the con-
version of methanol at the anode to carbon dioxide (CO;) and the formation of steam or water
at the cathode through a reaction with oxygen from the air.

Among the various types of fuel cells, PEMFCs stand out due to their broad range of appli-
cations. They offer several advantages, including high flexibility, low operating temperatures,
exceptional efficiency, minimal emissions, and quiet operation [40,41]. These features make
PEMECs particularly well-suited for transportation applications, where they are considered
the most promising option. They provide high power density, fast start-up times, and are easy
to handle safely, all of which contribute to their growing potential in clean energy solutions.
Despite these benefits, PEMFCs are currently hindered by high production costs, making them
economically uncompetitive for widespread adoption. However, ongoing research and tech-
nological advancements hold the promise of reducing these costs, potentially unlocking their
full commercial potential. To summarize the key characteristics and operating conditions of
various types of fuel cells discussed, Table 1.1 provides a comparative overview, highlighting
differences in fuel type, electrolyte, mobile ion, and operating temperature [42].
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Table 1.1: Characteristics of different fuel cell types

Type Fuel Electrolyte Mobile Ion Temp. (°C)
AFC H, Aqueous KOH OH™ 100—-250
PAFC H, H3POy4 Ht 150—250
SOFC CcO (Zr,Y)O, 0% 700—1000
MCFC CO (Na,K),CO3 CO3~ 500—700
PEMEC H,, CH;0H Nafion® (HO0),H* 70—-110

The key materials currently under development for PEMFC stacks include construction
materials for the cell frames, electrocatalysts for the fuel and air electrodes, and ion-conducting
membranes. A critical challenge lies in the electrocatalyst, particularly for operation with pure
hydrogen and air, where platinum is the most effective material. To reduce costs, platinum
nanoparticles supported on carbon have been developed, aiming to minimize the use of noble
metals without compromising cell performance. The electrode catalysts (mostly platinum) and
membranes (Nafion®) are essential components in PEMFCs, and a more detailed discussion of
them will be provided in the following sections.

1.1.3 Platinum as an Electrode Material

Platinum (Pt) is widely recognized as the most efficient and active electrocatalyst for both
the hydrogen oxidation reaction (HOR) at the anode and the oxygen reduction reaction (ORR)
at the cathode in proton exchange membrane fuel cells (PEMFCs). Its high catalytic activity,
exceptional selectivity for water formation, and remarkable electrochemical stability make it
the benchmark material for fuel cell electrodes.

In the context of ORR, an ideal catalyst must selectively facilitate the four-electron reduction
pathway, leading to water production while minimizing the formation of undesired interme-
diates such as hydrogen peroxide. Platinum-based materials excel in this regard, efficiently
utilizing protons transported through the membrane to complete the reaction. Among avail-
able materials, Pt exhibits the highest intrinsic activity, combined with superior durability and
chemical resilience under the acidic and oxidative conditions of PEMFC operation.

However, platinum’s scarcity in the Earth’s crust, coupled with its high market price (ap-
proximately $1,000 per ounce), poses significant economic limitations. In response, substantial
efforts have been made over the past three decades to reduce platinum loading in fuel cell
stacks, from initial values of around 4 mg.cm2 to less than 0.1 mg.cm2 [43]. Despite these ad-
vancements, the catalyst still accounts for roughly 41% of the total fuel cell cost, surpassing the
contributions of other components such as membranes, gas diffusion layers, and bipolar plates.

The exceptional ORR activity of Pt is partly attributed to its favorable oxygen adsorption
behavior. As illustrated in Fig. 1.8, three primary oxygen adsorption models on Pt surfaces
have been proposed:

* Griffiths Model - a single-site adsorption mechanism where both oxygen atoms are coor-
dinated to a single metal atom.

¢ Pauling Model — another single-site mechanism where only one oxygen atom binds to the
metal surface; this model typically supports the two-electron reduction pathway.

¢ Bridge Model — a dual-site adsorption mechanism in which each oxygen atom binds to a
separate Pt atom, associated with the preferred four-electron reduction pathway [44,45].

To further enhance the catalytic efficiency and reduce the Pt content, platinum nanoparti-
cles are commonly dispersed on high-surface-area carbon supports, such as Vulcan XC-72. This
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configuration, known as Pt/C, increases the electrochemically active surface area, improving
overall catalyst utilization. Nanostructured catalysts typically consist of Pt particles (~ 2—5
nm) deposited on carbon primary particles, forming agglomerates (100—300 nm), which fur-
ther assemble into larger aggregates (1—3 ym). The electrode catalyst layer is formed through
the self-organization of Pt/C and ionomer during ink deposition, leading to a phase-separated
structure that optimizes ion and electron transport [46,47].

As research continues, strategies to reduce Pt usage without compromising performance
remain a central focus in PEMFC development, including alloying with transition metals, using
novel supports, and applying machine learning-guided design of catalyst architectures.
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Fig. 1.8: Schematic representation of the oxygen reduction reaction (ORR) mechanisms on plat-
inum surfaces, illustrating three adsorption models (z is the oxidation state): (a) Bridge model
(each oxygen atom bonding to a different Pt atom), (b) Griffiths model (dual oxygen bonding to
a single Pt atom), and (c) Pauling model (single oxygen atom bonding to Pt). These adsorption
geometries influence the reaction pathway, with the bridge and Griffiths models favoring the
four-electron pathway to water, while the Pauling model is associated with the two-electron
pathway.

1.1.4 Platinum-Based Electrocatalysts

The development of alternative electrocatalysts with reduced platinum content has been a
major research focus over the past decades, driven by the need to lower the overall cost of
PEMFCs and DMFCs, making them more economically competitive with conventional energy
sources. The initial motivation for exploring platinum alloys arose from PAFCs, aiming to
discover electrocatalysts with higher activity than pure Pt.

In the early 1980s, Ross and Landsman systematically studied the oxygen reduction reac-
tion (ORR) on a range of Pt-M alloys (where M is a first-row transition metal) in phosphoric
acid and observed enhanced catalytic activity compared to pure platinum [48,49]. These al-
loys often exhibited an ordered PtsM structure. Following their work, numerous researchers
synthesized PtzM-type alloy catalysts and evaluated them in PAFC systems. Early patents de-
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scribed the alloying of Pt with metals such as Ti, V, Mn, Mo, and Al, with vanadium showing
particularly promising performance [49,50]. Later patents indicated that Pt-Cr and Pt-Fe alloys
demonstrated superior ORR activity, even surpassing Pt-V systems [51].

Watanabe et al. further advanced the field by demonstrating that ordered Pt-Co alloys
exhibit higher activity than both disordered Pt-Co and pure Pt in phosphoric acid electrolytes
[51]. Additionally, ternary alloys such as Pt-Co-Cr emerged as effective and stable catalysts for
ORR [52,53], showing significant improvements in catalytic performance and durability [54].

In the early 1990s, Mukerjee et al. extended these investigations to PEMFCs by evaluating a
series of binary Pt-M (M = Ni, Cr, Co) alloys with an ordered Pt3M structure [55]. Among these,
Pt-Cr alloys exhibited the highest activity and good stability, maintaining performance for up
to 400—1200 hours. Later, Shim et al. synthesized ternary Pt-Fe-M (M = Cr, Mn, Co, Ni, Cu)
alloys and tested them in PEMFCs [56]. All tested alloys outperformed pure Pt, with Pt-Fe-Co
showing the highest catalytic activity.

More recently, Pt-V alloys have gained attention. Antolini et al. reported that ordered Pt-V
alloys demonstrated a significant enhancement in ORR activity in PEMFC systems [57]. Sim-
ilar studies in DMFCs by Neergat et al. evaluated binary Pt-M (M = Co, Cr, Ni) and ternary
Pt-Co-M (M = Cr, Ni) alloys [58]. They found that while Pt-Co and Pt-Co-M formed ordered
structures, Pt-Cr and Pt-Ni remained disordered. The ordered Pt-Co alloy exhibited the best
catalytic performance in DMFCs. Subsequent work by Shukla et al. confirmed that Pt-Fe al-
loys, especially in ordered form, showed superior ORR activity compared to pure Pt in DMFC
systems [59].

Currently, platinum or platinum-transition metal alloy nanoparticles as PtCo [60] and PtRu
[61], dispersed on high-surface-area carbon supports, are widely used as electrocatalysts in
PEMECs [62]. Despite significant progress using Pt-based nanostructures such as nanowires
and nanotubes [63-65], challenges remain in achieving precise control over their size, morphol-
ogy, and compositional uniformity, which are critical factors for optimizing catalytic activity
and long-term stability [66].

1.1.5 Proton-Conducting Electrolytes

The development of electrolytes in PEMFCs dates back to the 1950s, initiated by the U.S.
General Electric Company (GE). However, the long-term viability and widespread interest in
PEMEFCs were significantly bolstered by the introduction of Nafion, a perfluorosulfonic acid
(PFSA) polymer developed by DuPont. Nafion quickly became the benchmark electrolyte ma-
terial in PEMFC systems due to its unique combination of chemical stability and high proton
conductivity.

Structurally, Nafion consists of a polytetrafluoroethylene (PTFE)-like perfluorinated back-
bone, which ensures excellent mechanical, thermal, and chemical stability. This backbone is
grafted with perfluoroether side chains terminating in sulfonic acid groups (-SO3H). These
sulfonic acid end-groups are hydrophilic and tend to cluster into nano-scale domains upon hy-
dration, forming ionic channels that facilitate efficient proton transport. The hydrated acidic
regions within Nafion are primarily responsible for its high ionic conductivity, which is essen-
tial for PEMFC operation. However, this hydration-dependent conductivity restricts Nafion’s
performance to low operating temperatures (typically below 100 °C), beyond which dehydra-
tion leads to a dramatic drop in conductivity.

Nafion was initially developed for use in chlor-alkali cells for industrial chlorine produc-
tion [67]. By the 1990s, major technical barriers in PEMFC systems had been addressed, and
researchers in the United States and Japan began focusing on improving the material properties
of Nafion [68]. Modifications such as incorporating shorter side chains in the copolymer struc-
ture led to enhanced ionic conductivity and improved membrane performance. Additionally,
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research highlighted the importance of reducing gas permeability and enhancing resistance to
small-molecule crossover, particularly relevant in DMFCs.

An ideal polymer electrolyte membrane for fuel cell applications must meet several key
criteria:

¢ high proton conductivity, typically achieved through a sufficient degree of sulfonation and
optimized membrane thickness;

* robust mechanical, thermal, and chemical stability, often requiring reinforcement or a
highly stable polymer backbone;

* low gas permeability to minimize fuel crossover; and

¢ in the case of DMFCs, a low electro-osmotic drag coefficient to reduce methanol crossover.

Nafion meets many of these requirements, making it the most commonly implemented mem-
brane in commercial PEMFC stacks.

Nevertheless, Nafion has notable limitations. Its relatively high cost and dependence on flu-
orinated compounds have driven efforts to develop alternative, cost-effective membrane mate-
rials. Many of these newer membranes are hydrocarbon-based and fluorine-free; however, they
often suffer from inadequate thermal or chemical stability. To overcome this, researchers are
increasingly incorporating aromatic structures into hydrocarbon backbones to enhance mem-
brane durability under fuel cell operating conditions.

Despite extensive experimental advancements, the interaction between Nafion as the elec-
trolyte and platinum as the electrode surface remains poorly understood. This knowledge gap
is primarily due to the limited number of theoretical and simulation studies addressing the
atomistic and electronic-level behavior at the Nafion/Pt interface. A deeper understanding of
these interactions is essential, as they directly influence the efficiency, durability, and perfor-
mance of PEM fuel cells. Therefore, further development and optimization of Nafion’s proper-
ties require comprehensive theoretical and modeling approaches, an effort that constitutes the
primary focus of this study.

1.2 Batteries

Batteries are electrochemical devices that convert stored chemical energy into electrical en-
ergy through redox reactions. They are composed of three essential components: a cathode
(positive electrode), an anode (negative electrode), and an electrolyte that facilitates ionic trans-
port between the two electrodes. During discharge, electrons flow from the anode to the cath-
ode through an external circuit, while ions travel through the electrolyte to maintain charge
neutrality. Depending on their chemistry, batteries can be classified as either primary (non-
rechargeable) or secondary (rechargeable) systems [69]. Among the latter, lithium-ion batteries
(LIBs) have become the dominant technology in portable electronics, electric vehicles, and grid
storage applications due to their high energy density, light weight, and long cycle life [70-72].

Despite significant advancements, batteries still face several challenges related to energy
density, safety, cost, environmental impact, and material sustainability [73,74]. Future research
is increasingly focused on developing next-generation batteries, such as solid-state batteries,
lithium-sulfur, and lithium-air systems, which promise higher performance and improved
safety. Innovations in electrode materials, electrolyte formulations, and nanostructured archi-
tectures are crucial to overcoming current limitations. Moreover, theoretical modeling and
computational simulations are playing an expanding role in understanding fundamental pro-
cesses at the atomic and molecular levels, guiding the rational design of new materials. The
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continued evolution of battery technology is vital for enabling a sustainable energy future,
particularly in the context of renewable energy integration and electrification of transporta-
tion [75,76].

1.2.1 Historical Background

The development of modern batteries as efficient energy storage devices dates back to the
pioneering work of Luigi Galvani in the 1790s, who discovered bioelectricity through his ex-
periments with frog legs and dissimilar metals [69]. Shortly afterward, in 1800, Alessandro
Volta introduced the voltaic pile, a breakthrough invention that provided a continuous current
using alternating discs of dissimilar metals, typically zinc and copper, separated by electrolyte-
soaked materials [77]. This invention marked the birth of electrochemical energy storage and
laid the foundation for all subsequent battery technologies.

In 1802, William Cruickshank advanced Volta’s concept by retaining the zinc-copper elec-
trode pair while replacing the stacked pile with a brine-filled box configuration, yielding a
more stable and scalable design [78]. This improvement made it possible to produce batteries
in larger quantities, making the technology more practical for real-world applications.

The 20 century saw tremendous advancements in battery chemistry and design, especially
to increase energy density and enable portability. Serious research into high-energy-density
battery systems began in the 1960s, with a focus on non-aqueous primary batteries utilizing
lithium as the anode material. These lithium-based systems, initially non-rechargeable, were
introduced in the early 1970s, primarily for military use due to their high energy content and
lightweight nature. However, widespread adoption was limited by challenges related to safety,
cell architecture, and electrolyte formulation.

The pivotal moment in the development of modern rechargeable batteries came in the early
1990s when Sony successfully commercialized a practical “rocking-chair” LIB. This innovation
revolutionized consumer electronics and later became the cornerstone of modern portable de-
vices, electric vehicles, and grid-scale energy storage systems.
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Fig. 1.9: A chronological overview of key milestones in the development of modern battery
technologies, from the voltaic pile to the commercialization of LIBs.

Despite the remarkable progress, challenges such as cost, sustainability, safety, and perfor-
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mance remain areas of active research. As battery technologies continue to evolve, the demand
for deeper theoretical understanding and advanced materials modeling becomes increasingly
important to guide future innovation. The key milestones in the history of battery development
are summarized in Fig. 1.9.

This system employed lithium cobalt oxide (LiCoO;) as the cathode material and refinery
coke, a form of carbon, as the anode. Its key innovation was the use of a carbon-based an-
ode capable of reversible lithium-ion intercalation, eliminating the safety concerns associated
with metallic lithium. This breakthrough enabled high energy density, stable cycling, and en-
hanced safety qualities that quickly positioned LIBs at the forefront of portable energy storage.
Over the past three decades, continuous advancements in materials, design, and manufactur-
ing have made LIBs the dominant choice for powering consumer electronics, power tools, and
increasingly, electric vehicles (EVs) and grid-scale energy storage systems. Fig. 1.10 presents
a comparison of the energy densities associated with various types of rechargeable batteries.
Among these systems, LIBs clearly exhibit the highest energy density, making them the most ef-
ficient choice for applications requiring lightweight and compact energy storage solutions [79].

In the next section, we will delve into the structure, working principles, and material com-
ponents of LIBs, highlighting ongoing efforts in research and development aimed at optimizing
their performance, safety, and sustainability.
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Fig. 1.10: Comparison of energy densities for different types of rechargeable batteries. LIBS
exhibit the highest energy density among commercially available systems, making them ideal
for portable and high-performance applications (Adapted from [79]).

1.2.2 Lithium-Ion Batteries (LIBs)

Lithium-ion batteries (LIBs) have emerged as one of the most significant energy storage tech-
nologies in modern society [80,81]. Since their commercialization in the early 1990s, LIBs have
become the dominant power source for a wide spectrum of applications, including portable
electronics, EVs, and grid-scale energy storage systems [82]. Their widespread adoption is
largely attributed to their high energy density, long cycle life, low self-discharge rate, and
lightweight design, making them both efficient and versatile [79, 83, 84].

The increasing global demand for clean and sustainable energy solutions, driven by climate
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change, fossil fuel depletion, and rapid technological advancement, further accelerated the
development of LIB technologies. In particular, the electrification of transportation is a critical
strategy to reduce greenhouse gas emissions, and LIBs serve as the key enabling technology for
electric vehicles. As EV production scales rapidly worldwide, the need for high-performance,
durable, and cost-effective LIBs becomes increasingly urgent.

A typical LIB cell is composed of four main components: a cathode, an anode, an electrolyte,
and a separator. The performance characteristics of LIBs, such as energy and power density,
safety, cycle life, cost, and environmental impact, are highly dependent on the selection and de-
sign of electrode materials [85]. In this regard, lithium metal is theoretically considered an ideal
anode material due to its extremely high specific capacity and low electrochemical potential.
However, practical challenges related to safety and stability have limited its use in commercial
applications.

LIBs continue to evolve, with intensive research efforts focused on improving their perfor-
mance under diverse operating conditions, such as extreme temperatures and high charge/
discharge rates. Enhancing the properties of both cathode and anode materials is critical for
the next generation of LIBs.

The capacity and overall performance of LIBs are governed not only by the intrinsic prop-
erties of the electrode materials but also by their interfacial interactions with binders, morpho-
logical characteristics, and cell configurations. Understanding and optimizing these factors is
a key objective of this study in the context of LIB systems.

In the following sections, a more detailed analysis will be presented, focusing on the funda-
mental electrochemical reactions occurring at the electrodes, the materials employed for both
cathodes and anodes, as well as the role and composition of the electrolyte.
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Fig. 1.11: Schematic illustration of the charge-discharge processes in a LIB. During discharge,
lithium ions migrate from the anode to the cathode through the electrolyte and separator, while
electrons flow through an external circuit to provide electrical energy. During charging, the
process is reversed as lithium ions return to the anode. This cyclic migration enables reversible
energy storage and release in LIBs, forming the basis of their operating principle.
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1.2.2.1 Electrochemistry of LIBs

Lithium-ion batteries (LIBs) operate by storing energy in the form of chemical potential
during charging and converting it back into electrical energy during discharge. As shown in
Fig. 1.11, a typical LIB cell consists of four main components: a cathode (positive electrode),
an anode (negative electrode), a lithium-ion-conducting electrolyte, and a porous separator.
The anode and cathode are responsible for hosting lithium ions during charge and discharge,
while the separator electrically isolates them, preventing internal short-circuits, yet allowing
lithium-ion migration [86].

The electrolyte plays a crucial role in facilitating ionic transport between the electrodes
while maintaining electronic insulation. To ensure electrochemical stability and prevent de-
composition during operation, the electrolyte’s energy levels must be carefully matched to
those of the electrodes: the lowest unoccupied molecular orbital (LUMO) should be higher
than the anode potential, and the highest occupied molecular orbital (HOMO) should be lower
than the cathode potential, as depicted in Fig. 1.12. Otherwise, parasitic reactions could lead to
irreversible capacity loss or even cell failure over extended cycling [87].
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Fig. 1.12: Schematic representation of the energy level alignment in a LIB system, illustrating
the importance of the electrolyte’s frontier molecular orbitals. For stable electrochemical per-
formance, the LUMO (Lowest Unoccupied Molecular Orbital) of the electrolyte must be higher
in energy than the anode potential to prevent reduction, while the HOMO (Highest Occupied
Molecular Orbital) should be lower than the cathode potential to avoid oxidation.

During discharge, lithium ions deintercalate from the anode material and migrate through
the electrolyte and separator to the cathode, where they are re-intercalated. This ionic motion
is accompanied by the flow of electrons through an external circuit, providing electrical power
to connected devices. The process is reversed during charging, with lithium ions moving back
to the anode.

The fundamental electrochemical reactions in a conventional LIB using graphite as the anode
and lithium cobalt oxide (LiCoQO,) as the cathode are:

* Anode reaction:
Li,Ce = 6C +aLi" +xe~  (0<x<1) (Eq. 1.17)

e Cathode reaction:
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LiCoO; = Li;_,CoO, +xLi" +xe~  (0<x<1) (Eq. 1.18)

These reactions (Eq. 1.17 and Eq. 1.18) are highly reversible under ideal conditions, en-
abling repeated charging and discharging cycles with minimal degradation. As explained
above, Fig. 1.11 schematically illustrates the working principle and internal structure of a typi-
cal LIB.

1.2.2.2 Anode Materials

Graphite is the most widely used anode material in commercial LIBs, primarily due to its
structural stability and ability to reversibly intercalate lithium ions. However, it can accom-
modate only one lithium ion per six carbon atoms, resulting in a stoichiometry of LiC¢ and
a theoretical specific capacity of 372 mAh.g~!. The diffusion coefficient of lithium in carbon
materials typically ranges from 10712 to 107® cm?s~?, with graphite exhibiting values between
107? and 1077 cm?s~!. This relatively slow ion transport limits the rate capability and power
density of graphite-based batteries.

To overcome these limitations, the development of alternative anode materials with higher
specific capacity, improved lithium-ion diffusion kinetics, and enhanced energy and power
densities is essential. Among these, lithium metal offers the highest theoretical capacity (~3860
mAh.g 1), making it an attractive candidate. However, its practical application is severely hin-
dered by safety concerns associated with dendritic lithium growth, which can lead to internal
short circuits and catastrophic cell failure.

Therefore, a key challenge in next-generation battery development lies in identifying and
engineering advanced anode materials that combine high capacity, fast lithium-ion transport,
long cycle life, and robust safety characteristics. This section reviews the current state-of-the-
art in anode materials for LIBs, with particular emphasis on recent advances in nanostructured
materials and their promising electrochemical performance. To simplify the discussion, inno-
vative anode materials are commonly classified into three major categories according to their
lithium-ion storage mechanisms and overall battery performance:

¢ Intercalation/De-intercalation Materials: These systems allow lithium ions to reversibly
intercalate into the host structure with minimal structural change. Examples include carbon-
based materials such as porous carbon, carbon nanotubes, graphene, as well as metal ox-
ides like T102 and Li4Ti50]2.

¢ Conversion-type Materials: These materials undergo a chemical transformation during
lithiation and delithiation, forming new phases. This category includes various transition
metal oxides (e.g., MnxOy, NiO, FexOy, CuO, Cuy0, MoO,), metal sulfides, phosphides,
and nitrides (MxXy, where X =S, P, or N).

¢ Alloy/De-alloy Materials: In this group, lithium forms reversible alloys with the host
elements during cycling. Typical representatives include silicon (Si), germanium (Ge), tin
(Sn), aluminum (Al), bismuth (Bi), and tin oxide (SnOy).

Table 1.2 summarizes the key characteristics of commonly studied intercalation-type anode
materials used in LIBs, including their operating potentials, specific charge capacities, cycle life,
safety profiles, and associated costs. These parameters are critical in determining the overall
performance, efficiency, and commercial viability of LIBs.
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Table 1.2: Intercalation-type negative electrode (anode).

Potential Charge Density

3 a
Cathode Type (V vs. Li*/Li) (mAh.g-1) Cycle Life Safety Cost
Graphite ~ 0.1 ~ 350 > 1000 Safe Low
LiyTisOqp ~15 ~ 160 > 5000 Safe Medium

® Cycles until capacity reaches 80% of initial capacity.

Fig. 1.13 illustrates the redox potentials relative to Li/Li* alongside the corresponding spe-
cific capacities of various anode materials currently under investigation [88].
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Fig. 1.13: Approximate ranges of average redox potentials (V vs. Li/Li*) and specific capacities
for commonly studied anode materials in LIBs (Adapted from [88]).

As illustrated in Fig. 1.13, among alloying-type anodes, silicon and silicon oxide-based ma-
terials are among the most extensively studied and promising candidates, exhibiting gravimet-
ric capacities on the order of 30003500 mAh.g~! and operating at relatively low delithiation
potentials of approximately 0.9-1.0 V vs. Li* /Li [89-93]. However, despite its attractive elec-
trochemical properties, challenges such as large volume changes during lithiation/delithiation
cycles limit its practical application [94,95]. Silicon monoxide (SiO) has emerged as a viable al-
ternative to pure silicon. It offers a more stable cycling performance while still delivering a high
theoretical capacity exceeding 1600 mAh.g~! [96]. The electrochemical lithiation mechanism of
SiO can be described in two steps:

SiO + xLi = Si + Li,O (Eq. 1.19)
xLi+ Si =— Li,Si or xLi + SiO — Lix,ySiZ + Li,Si0, (Eq. 1.20)
The first reaction corresponds to a conversion process, in which SiO is reduced to elemental
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Si embedded in a LiyO matrix, leading to phase segregation rather than direct alloying. Sub-
sequent lithiation proceeds via true Li-Si alloying of the segregated Si domains, or through
mixed amorphous Li-Si—O phases during cycling.

Solid silicon monoxide is thermodynamically unstable across all temperature ranges and
tends to undergo a disproportionation reaction, transforming into elemental silicon and silicon
dioxide upon thermal activation. Similar to pure silicon, SiO experiences substantial volume
expansion and contraction during lithiation and delithiation cycles, which can lead to mechan-
ical degradation and capacity fading. Furthermore, SiO suffers from inherently low electrical
conductivity and limited lithium ion diffusion kinetics, which hinder its electrochemical per-
formance.

To address these limitations and enhance both reversible capacity and cycling stability, var-
ious strategies have been explored. Among them, the use of advanced polymeric binders with
superior electrochemical and mechanical stability has shown promise in accommodating vol-
ume changes and improving electrode integrity during cycling [97].

1.2.2.3 Cathode Materials

The evolution of LIB cathode materials has played a pivotal role in advancing rechargeable
battery technology. In 1980, John B. Goodenough made a groundbreaking contribution by
introducing lithium cobalt oxide (LiCoO,) as a cathode material, which effectively replaced the
earlier titanium disulfide (TiS;) employed by M. Stanley Whittingham [98]. This innovation
marked a crucial milestone in LIB development and laid the foundation for future commercial
applications.

A decade later, in 1991, Sony Corporation successfully commercialized the first recharge-
able LIB system, utilizing LiCoO, as the cathode and graphite as the anode [82]. This achieve-
ment revolutionized portable electronics and solidified LIBs as a dominant energy storage tech-
nology. The pioneering work of Whittingham, Goodenough, and Akira Yoshino, who opti-
mized the use of polymers and carbonaceous anodes, was formally recognized with the 2019
Nobel Prize in Chemistry.

Currently, the majority of commercial LIBs employ one of the following three classes of
cathode materials, each exhibiting distinct electrochemical properties and structural character-
istics [99-102]:

¢ Layered oxides (e.g., LIMO,, where M = Co, Ni, or Mn),
¢ Spinel-type oxides (e.g., LiMn,0Oy), and
¢ Olivine-type phosphates (e.g., LiFePO4, commonly abbreviated as LFP).

Among these, LiCoO, remains one of the most extensively used cathode materials due to
its relatively high theoretical capacity of 274 mAh.g ! and a stable operating voltage near 3.7
V vs. Li* /Li. However, practical limitations have emerged in its long-term performance. No-
tably, when charged above 4.2 V, the crystalline lattice becomes unstable, leading to structural
degradation and decreased cycle life [103,104]. As a result, its practical specific capacity is re-
duced to approximately 160 mAh.g~!. Furthermore, the high cost and limited availability of
cobalt, coupled with concerns over its low thermal stability, have incentivized the search for
alternative and more sustainable cathode materials.

To address these challenges, ternary layered oxides, such as LiNipgCoq 15Alg 0502 (NCA)
and LiNixCoyMnZOZ (NMC), have been developed [105-109]. These compositions substitute
part of the cobalt with nickel, manganese, or aluminum, thereby improving cycling stability,
thermal properties, and reducing material costs. NMC, in particular, has gained widespread
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adoption in EV batteries due to its tunable electrochemical performance and relatively balanced
energy density, safety, and cost. Fig. 1.14 illustrates the lamellar (layered) crystal structure of
LiCo0O;, highlighting the alternating layers of lithium ions and cobalt-oxygen octahedra, which
enable efficient and reversible intercalation of lithium ions during battery operation [110].

Annotation

‘ Oxygen
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‘ Lithium

Fig. 1.14: Schematic representation of the lamellar structure of layered lithium cobalt oxide
(LiC00O,), where lithium ions are intercalated between alternating layers of edge-sharing CoOg
octahedra.

An alternative class, the spinel-structured LiMn,O; [Fig. 1.15], offers benefits such as low
cost, environmental benignity, and three-dimensional lithium-ion diffusion channels, which
enhance rate capability [111,112]. However, its structural stability is compromised over ex-
tended cycles, primarily due to manganese dissolution in the electrolyte and Jahn-Teller distor-
tion during lithium extraction.
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Fig. 1.15: Crystal structure of lithium manganese oxide (LiMn,0O4) with a spinel framework,
commonly used as a cathode material in LIBs.

The third notable candidate is LiFePO,4 (LFP), which crystallizes in an olivine phosphate
structure. LFP is distinguished by its exceptional thermal stability, high cycle life, flat voltage
profile, and low cost-attributed to the abundance of iron and phosphate precursors [113,114].

Lithium iron phosphate (LiFePO4) undergoes a reversible redox reaction, where Fe?" is oxi-
dized to Fe3* during delithiation, forming FePO,, and reduced back to LiFePO, upon lithiation.
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As illustrated in Fig. 1.16 (b), a miscibility gap exists between these two phases. LiFePOy de-
livers a stable discharge voltage of approximately 3.4 V vs. Li. /Li and a theoretical capacity of
170 mAh.g~!-surpassing that of LiCoO, (140—150 mAh.g~!)-while maintaining excellent cy-
cling stability, primarily due to the strong covalent bonding within its phosphate framework.
Although its electronic conductivity is relatively poor, this limitation has been largely mitigated
through nanostructuring and carbon coating strategies.
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Fig. 1.16: (a) Crystal structure of LiFePOy, highlighting its olivine-type framework. (b)
Schematic illustration of the lithium insertion/extraction mechanism during charge and dis-
charge cycles between LiFePO, and FePO, phases.

Table 1.3 provides a comparative overview of widely used intercalation-type cathode ma-
terials in LIBs.

Table 1.3: Intercalation-type positive electrode (cathode).

Potential Charge Density

Cathode Type (V vs. Li*/Li) (mAh.g-) Cycle Life Safety Cost
LiCoO, ~42 200 > 500 Poor High
LiMn,04 ~42 150 > 200 Moderate Med
LiFePOy ~ 3.5 120 > 2000 Safe Low
LiNixCoyO, ~42 200 > 500 Poor High
LiNiyMn,Co,0, ~ 42 160 > 500 Poor High

As illustrated in Fig. 1.17, electrode materials for lithium-based batteries exhibit a wide
range of electrochemical potentials and specific capacities, with current and emerging cathode
and anode materials strategically positioned to balance energy density, voltage, and cycling
stability for both lithium-ion and lithium-metal systems.

In summary, the development and optimization of cathode materials remain central to the
enhancement of LIB performance. Each of the aforementioned materials offers a trade-off be-
tween energy density, safety, stability, and economic viability, and their selection is highly de-
pendent on the specific application requirements, ranging from portable electronics to large-
scale electric mobility and grid storage.
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Fig. 1.17: Approximate ranges of specific capacity and average potential (versus Li/Li")
for commonly used and actively investigated cathode and anode materials in lithium-based
rechargeable batteries. The figure illustrates the voltage-capacity relationships for positive
(cathode) and negative (anode) electrode materials currently in use or under serious consid-
eration for next-generation Li-ion and Li-metal cells. Materials are classified based on their op-
erating voltage, capacity, and compatibility with either lithium-ion or lithium-metal systems.
(Adapted from [79]).

1.2.2.4 Electrolyte Materials

As shown in the Fig. 1.11, the electrolyte is a critical component of LIBs, functioning as the
medium that facilitates the transport of lithium ions (Li*) between the cathode and anode dur-
ing charge and discharge cycles. While it does not participate directly in the redox reactions
at the electrodes, the electrolyte plays a pivotal role in determining the overall performance,
efficiency, and safety of the battery system. Its composition directly influences ion conductiv-
ity, interfacial stability, electrochemical window, and thermal behavior, all of which affect rate
capabilities, cycle life, and operational safety [115].

Electrolytes in LIBs are typically classified based on their physical state (liquid or solid) and
solvent nature (aqueous or non-aqueous) [116]. Among these, non-aqueous liquid electrolytes
remain the most widely used in commercial LIBs due to their high ionic conductivity and com-
patibility with high-voltage electrode materials. An ideal liquid electrolyte should possess a
high dielectric constant to enable effective ion solvation, low viscosity to facilitate rapid ion
mobility, a wide electrochemical stability window, a high flash point to minimize flammability
risk, and strong thermal and chemical stability across a broad range of operating conditions.
Moreover, it must exhibit long-term chemical and electrochemical compatibility with both elec-
trodes to ensure reliable performance over extended cycling.

The most common electrolyte formulations consist of lithium salts dissolved in mixtures of
organic carbonate-based solvents. Widely used lithium salts include lithium hexafluorophos-
phate (LiPFy), lithium bis (fluorosulfonyl) imide (LiFSI), lithium bis (oxalate) borate (LiBOB),
and lithium tetrafluoroborate (LiBF4). These salts are typically dissolved in binary or ternary
blends of organic solvents such as ethylene carbonate (EC), dimethyl carbonate (DMC), ethyl
methyl carbonate (EMC), and diethyl carbonate (DEC). The balance between cyclic and linear
carbonates is carefully adjusted to optimize both the ionic conductivity and the stability of the
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solid electrolyte interphase (SEI) layer (that will be discussed in Sec. 1.2.2.6), which is critical
for the long-term performance of the battery.

In addition to the base electrolyte formulation, various functional additives are frequently
introduced to enhance electrochemical performance and safety. Additives such as vinylene
carbonate (VC), fluoroethylene carbonate (FEC), and lithium difluoro(oxalate)borate (LiDFOB)
are known to improve the stability of the SEI layer on the anode and suppress detrimental
side reactions at high voltages. These additives also help mitigate issues such as gas evolution,
capacity fading, and lithium dendrite formation, especially under harsh conditions like fast
charging or extreme temperatures.

Solid-state electrolytes and gel polymer electrolytes are also under intense research as next-
generation alternatives, particularly for improving battery safety and enabling high energy-
density designs. These solid electrolytes offer advantages such as non-flammability, wide
electrochemical stability windows, and enhanced mechanical integrity. However, challenges
related to low ionic conductivity and poor interfacial contact with electrodes still limit their
practical application [117].

Overall, the design and engineering of electrolytes are fundamental to advancing LIB tech-
nology. Tailoring electrolyte formulations to match specific electrode materials and usage
conditions-such as high-voltage cathodes, low-temperature operation, or ultra-fast charging-
remains an active area of research. As demands for higher energy density and improved safety
continue to rise, electrolyte development will play an increasingly central role in the evolution
of LIB systems.

1.2.2.5 Separator Materials

The separator is a critical yet electrochemically inactive component of a LIB, positioned
between the anode and cathode to physically prevent their direct contact and thereby avoid
internal short circuits [Fig. 1.11]. While it does not participate in the electrochemical reactions,
the separator plays a key role in enabling ionic conduction by acting as a permeable barrier sat-
urated with electrolyte. Its porous structure allows for the free transport of lithium ions during
charge and discharge cycles, while simultaneously ensuring electronic insulation between the
electrodes.

An effective separator must exhibit a combination of essential properties, including high
porosity for ion transport, excellent mechanical strength to withstand internal stresses during
cycling, and robust thermal stability to prevent shrinkage or failure under elevated tempera-
tures. These characteristics are crucial for maintaining cell integrity and ensuring long-term
operational safety. Additionally, the wettability and electrolyte retention capabilities of the
separator significantly influence the ionic conductivity and the overall performance of the cell.

Commercially, separators are commonly fabricated from polyolefin materials, particularly
blends of polyethylene (PE) and polypropylene (PP), due to their favorable mechanical and
chemical properties. In some applications, glass fiber membranes are also employed, especially
in high-temperature or specialized battery designs. Advanced separators may include multi-
layer structures or surface coatings to further enhance thermal shutdown behavior, electrolyte
affinity, and compatibility with high-voltage systems [118].

The continuous advancement in LIB technology is driving innovation across all compo-
nents, including separators. Research efforts are increasingly focused on developing next-
generation separators with enhanced functionality as ceramic coatings, flame-retardant proper-
ties, or integration with solid-state electrolytes meet the demands of high-energy, fast-charging,
and ultra-safe battery systems.

As the pursuit of higher energy densities, extended cycle life, and improved safety intensi-
fies, a comprehensive understanding of the interactions between the separator, electrolyte, and
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electrode materials remains critical. The optimization of separator design is thus an essential
aspect of the overall strategy to improve the performance, durability, and safety of LIB across
a wide range of applications.

1.2.2.6 Solid Electrolyte Interphase (SEI)

The performance, efficiency, and longevity of LIBs are critically influenced by interfacial pro-
cesses, particularly at the electrode-electrolyte interface. One of the most essential and complex
interfacial features in LIBs is the solid electrolyte interphase (SEI)-a passivation layer that forms
spontaneously on the surface of the anode (as shown in Fig. 1.18) as a result of electrolyte de-
composition during the first few charge/discharge cycles [119-124].

(a) SEI
Charge / Discharge Cycling oo
) 734
Si (crystalline) Li,Si Si (amorphous)
(b)
Cathode: Li,CoO,
- (l) . sl . T<—— Li* (ions)
Anode: Si-based materials, Graphite

Fig. 1.18: Schematic illustration of the lithiation and delithiation processes in silicon anodes. (a)
During initial lithiation, a solid electrolyte interphase (SEI) layer spontaneously forms on the
silicon surface due to electrolyte decomposition. (b) Subsequent charge/discharge cycles in-
duce significant volume expansion and contraction in the silicon, leading to mechanical stress,
SEI rupture, and the formation of a thick, unstable SEI layer. These processes result in silicon
pulverization and loss of electrical contact, ultimately impeding further lithium insertion and
reducing the battery’s cycling stability and capacity retention.

The SEI was first proposed by Peled and is recognized as a crucial component that en-
ables the long-term stability of lithium-based batteries. It functions as a solid ionic conductor
and electronic insulator, thereby preventing further reduction of the electrolyte while allowing
lithium-ion transport across the interface. This dual nature is essential: while it inhibits ongo-
ing electrolyte breakdown (thus stabilizing the interface), it must also maintain low resistance
to lithium-ion diffusion to avoid performance degradation [122].

The SEI is not a uniform layer; rather, it is structurally and chemically heterogeneous, typ-
ically consisting of organic, inorganic, and polymeric species formed from the reduction prod-
ucts of electrolyte solvents and salts. Its composition includes compounds such as lithium
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carbonate (Li;CO3), lithium fluoride (LiF), lithium alkoxides, and polycarbonates. This hetero-
geneity introduces complexity into ion transport pathways and can give rise to electron leakage
and parasitic reactions that affect battery efficiency [125].

Several key characteristics define a functional SEI:

¢ Optimal thickness: It must be thick enough to block electron tunneling and suppress
further electrolyte decomposition, yet thin enough to minimize lithium-ion transport re-
sistance.

¢ High lithium-ion conductivity: Essential to maintain power performance and reduce po-
larization during cycling.

* Mechanical robustness: It must withstand the repeated volumetric changes of the elec-
trode during lithiation/delithiation to avoid cracking or delamination.

¢ Thermal and chemical stability: To endure high-voltage operation and extended cycling
without degradation.

¢ Electrochemical stability: Especially under high voltage and fast-charging conditions to
ensure prolonged battery life.

During the formation of the initial SEI [Fig. 1.18], a significant portion-up to 10%-of the bat-
tery’s capacity can be lost due to the irreversible consumption of lithium ions and electrolyte
components. To minimize this loss, reducing the surface area of the anode is one strategy,
which enhances energy density but may compromise power density due to reduced solid-state
diffusion [119]. While the SEI stabilizes after initial formation, it is not entirely static. Mechan-
ical stresses induced by repeated volume changes can lead to SEI cracking, thereby exposing
fresh electrode surfaces. This triggers further electrolyte reduction and new SEI formation,
continually consuming active lithium and electrolyte, and contributing to capacity fade over
time. Additionally, the continual thickening of the SEI increases internal resistance, impairs
lithium-ion transport, and ultimately reduces power output.

Modern battery research emphasizes the engineering and stabilization of the SEI to enhance
battery performance. Strategies include:

¢ Designing tailored electrolyte formulations with SEI-forming additives (e.g., fluoroethy-
lene carbonate, vinylene carbonate).

¢ Artificial SEI layers pre-applied to anodes to reduce initial capacity loss.

¢ High-concentration electrolytes and solid-state electrolytes that form more stable SEI struc-
tures.

Table 1.4 presents key electrochemical properties of selected alloying-type anode materials
under investigation for LIBs, including their lithium storage capacity, operating potential, and
associated volume expansion during lithiation [126].

27



Table 1.4: Alloying-type anode electrode and related volume expansion.

il e Potential Charge Density  Li-ion Volume
(V vs. Lit/Li) (mAh.g™!) per atom expansion (%)
Li,Si ~ 0.40 3500—4200 3.75 > 280
LixSn ~ 0.50 993 4.40 ~ 240
LixSb ~ 0.90 660 3.00 ~ 147
a-Li,C ~0-3 1115 0—0.50 ~ 30

As illustrated in Fig. 1.13, silicon has attracted significant attention as a potential alterna-
tive to graphite for anode materials, owing to its remarkably high theoretical specific capacity
(~ 4200 mAh.g~!) and favorable lithiation potential [127,128]. Despite these advantages, the
practical application of silicon-based anodes in rechargeable LIBs remains limited. Table 1.4
highlights some critical challenges impeding their widespread use, including inherently low
electrical conductivity, substantial volume expansion exceeding 280% during lithiation, and
the formation of an unstable SEI during cycling, which results in continuous capacity fading
and reduced cycle life [129-132]. To address these challenges, various surface modification
strategies have been investigated. Among them, binders have emerged as a promising ap-
proach to enhance capacity retention, alleviate volume expansion, and promote the formation
of a more stable SEI layer [133-136].

Indeed, numerous studies have demonstrated that the choice of binder plays a pivotal role
in optimizing the performance of LIBs electrodes. Binders not only provide mechanical in-
tegrity by holding active materials and conductive additives together, but they also influence
the electrode’s electrochemical stability, adhesion to the current collector, and resistance to vol-
ume changes during cycling. Furthermore, an effective binder must ensure good ionic con-
ductivity, chemical compatibility with electrolytes, and long-term structural stability to mini-
mize capacity fading and enhance cycle life [137-141]. The most commonly used and effective
binders in LIBs will be discussed in detail in the following section.

1.2.2.7 Polymer Binders for LIBs

Binders, although often comprising a relatively small fraction of the electrode composition,
play a pivotal role in ensuring the mechanical and electrochemical stability of LIBs [142]. Their
primary function is to maintain the structural integrity of the electrode by physically holding
together the active materials and conductive agents, thereby forming a cohesive electrode film
on the current collector. This cohesion is essential for maintaining consistent electronic and
ionic pathways throughout charge and discharge cycles.

Despite their electrochemical inactivity, binders significantly influence the overall perfor-
mance, durability, and safety of LIBs. They help accommodate mechanical stresses arising from
volume changes during lithiation and delithiation processes, particularly in high-capacity ma-
terials like silicon, which undergo substantial volume expansion (Table 1.4). In such systems,
inappropriate binder selection can lead to delamination, loss of electrical contact, and prema-
ture capacity fade [143].

To achieve stable and prolonged cycling, it is necessary to tailor the binder formulation
and integrate it with suitable additives. An ideal binder should exhibit strong adhesion to
both the active material and the current collector, good elasticity to buffer mechanical strains,
chemical and electrochemical stability under cell operating conditions, and compatibility with
the electrolyte system. Additionally, it should provide sufficient ionic permeability to facilitate
lithium-ion transport through the electrode.
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Traditionally, polyvinylidene fluoride (PVDF) dissolved in N-methyl-2-pyrrolidone (NMP)
has been widely used as a binder in commercial LIBs due to its chemical stability and excellent
adhesion. However, environmental and safety concerns related to NMP, along with limitations
in accommodating large volume changes in advanced electrode materials, have prompted re-
search into alternative water-soluble binders such as sodium carboxymethyl cellulose (CMC),
styrene-butadiene rubber (SBR), alginate, and polyacrylic acid (PAA) [144].

Recent advancements also focus on functional binders that can participate in forming a sta-
ble SEI, enhance ionic conductivity, or chemically interact with electrode surfaces to further
improve performance and cycle life. As battery technologies advance toward higher energy
densities and longer lifespans, the role of binders becomes increasingly critical, not merely as
passive structural supports, but as active components in engineering durable and efficient elec-
trode architectures.

< Conventional Binders for LIB Anodes

In LIB research, particularly for next-generation anode materials, significant efforts have
been dedicated to developing advanced binders that can overcome the limitations of conven-
tional systems. Traditional binders often fail to accommodate the severe mechanical stress
and interfacial instability associated with high-capacity anode materials, such as silicon. To
address these challenges, researchers have proposed innovative binder systems, including gra-
dient hydrogen-bonding binders and self-healing polymers such as poly(ether-thiourea) (SH-
PET). These advanced binders are designed to enhance the mechanical resilience, accommodate
volume changes, and stabilize the SEI on silicon-based anodes, thereby improving long-term
cycling performance and battery reliability [145, 146].

In the case of anodes, PVDF remains the most commonly used binder, particularly in com-
mercial lithium-ion cells. PVDF is widely employed in both graphite anodes and Lij ¢sNig 33
Mny 33C00.330, (NCM)-based cathodes due to its excellent electrochemical stability, high adhe-
sion strength, and mechanical flexibility. These properties allow PVDF to support the electrode
structure during the repetitive expansion and contraction that occurs throughout charge and
discharge cycles [147]. However, despite its widespread use, PVDF also presents notable draw-
backs. One major concern is its potential reactivity with lithiated graphite and metallic lithium,
particularly under abusive conditions such as over-discharge, low-temperature charging, or
thermal shock. These reactions can be highly exothermic, significantly increasing the risk of
thermal runaway and compromising battery safety. Consequently, the search for alternative
binder systems that can mitigate these safety risks while maintaining or improving electro-
chemical performance has become increasingly important.

H F

From a chemical standpoint, PVDF with structural formula %CC% , with the repeating
1,

unit (CH, = CF,),, occupies a structural position between polylgchyfene (PE: (CH,; = CHy)p)
and polytetrafluoroethylene (PTFE: (CF, = CF,),). This intermediate configuration confers a
unique balance of properties: the presence of hydrogen atoms contributes flexibility similar to
PE, while the fluorine atoms introduce stereochemical rigidity and chemical resistance akin to
PTFE. This dual nature enables PVDF to perform well in standard LIB environments. Nev-
ertheless, its limitations-especially in high-energy and high-safety-demand applications-have
motivated the development of next-generation binder systems with enhanced functionality,
mechanical adaptability, and chemical inertness [148,149].

Zhang et al. [150] conducted differential scanning calorimetry (DSC) on charged anodes and
observed an exothermic reaction beginning around 230 °C and peaking near 300 °C, attributed
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to the interaction between PVDF binder and metallic lithium. In the 1980s, polytetrafluoroethy-
lene (PTFE) resin was extensively used as a binder in LIB anodes due to its excellent thermal
and chemical stability, along with strong adhesion properties. PTFE’s aqueous dispersion ex-
hibited fibrillation, enhancing its binding capability; however, excessive fibrillation hindered
uniform dispersion and reduced contact with electrode materials [151].

Polyacrylonitrile (PAN) has also been explored as a binder, mainly because of its high po-
larity and electrochemical stability, and is commonly used in gel polymer electrolytes (GPEs).
Nevertheless, due to its high crystallinity, PAN alone lacks the mechanical properties needed
for electrode adhesion, leading to fragile films that poorly attach to current collectors. To
address this, Zhang and Jow proposed a copolymer, poly(acrylonitrile-methyl methacrylate)
(AMMA), composed of 94% acrylonitrile (AN) and 6% methyl methacrylate (MMA). Their
findings showed that AMMA is effective for both graphite anodes and lithium transition metal
oxide cathodes. Compared to PVDF, AMMA promotes a more stable SEI formation on graphite
and reduces self-delithiation, thereby improving calendar life [152].

In another study, Kuwabata et al. examined poly(3-n-hexylthiophene) (PHT) as a conduc-
tive binder for graphite anodes. The graphite/PHT composite demonstrated a charge capacity
of 43.5 mAh.g ™! and coulombic efficiency of 94.6% (2.0—0 V), with a reversible capacity of 312
mAh.g~! and graphite utilization of 0.92 - comparable to PVDF-based electrodes. Additionally,
the conductive nature of n-doped PHT reduced irreversible capacity loss in the first cycle and
enabled binding without mechanical pressing [153].

To address the significant volume expansion in silicon-based anodes, various binder strate-
gies have been explored. The conventional binder, such as PVDEF, forms weak van der Waals
interactions with Si particles, which are insufficient to accommodate the large volumetric fluc-
tuations during lithiation and delithiation. As a result, PVDF often fails to maintain adequate
particle cohesion and electrical conductivity, both critical for stable battery operation. There-
fore, the development of more effective binders is essential for realizing high-capacity, long-life
Si anodes [152].

There remains a need to design binder matrices capable of tolerating Si volume changes
while also being commercially viable. In Si electrodes, binders play a key role by forming
soft matrices that offer mechanical flexibility, electrochemical stability, and enhanced electronic
conductivity [154]. Shen et al. introduced an in situ thermally cross-linked PAN binder for Si
anodes, showing that the modified electrode retained a reversible capacity of ~ 1450 mAh.g~!
after 100 cycles. The improved performance was attributed to the formation of cross-linked
networks and conjugated PAN structures upon heat treatment, suggesting potential for wider
application across both anodes and cathodes [155].

Traditionally, Si anodes have relied on PVDF or carboxymethyl cellulose (CMC) binders.
However, a pivotal study by Magasinski et al. demonstrated that poly(acrylic acid) (PAA)-
which shares mechanical characteristics with CMC but contains more carboxylic groups-can
surpass conventional binders in enhancing Si anode performance [156].

Table 1.5: Polymer density, silicon content (%), specific capacity at the 100" cycle (mAh.g™1),
and capacity retention (%) for selected high-performance binders used in silicon-based anodes
of LIBs.

Binders PVDF PAA CMC Ref.
Density (g.cm2) 1.8480 + 0.0036 1.5121 £+ 0.0276 1.6511 £+ 0.0148 [157]

Si Content (%) 80 80 33.3 [158-160]
Specific Capacity 118.3 1155.7 1125.5 [157]
Capacity Retention ~ 8.04 4517 52.07 [157]
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Table 1.5 summarizes the key performance metrics of some of the most effective binders
used in silicon-based anodes, including polymer density, silicon content, specific capacity after
100 cycles, and corresponding capacity retention. This comparative overview highlights the
critical influence of binder selection on the long-term electrochemical performance and me-
chanical stability of Si anodes in LIBs.

< Conventional Binders for LIB Cathodes

The binder in cathode fabrication plays a vital role in maintaining electrode integrity by
firmly adhering to the active material and conductive additives and to the current collec-
tor [161]. Among the various binders studied, polyvinylidene fluoride (PVDF) remains the
most widely adopted in the LIB industry due to its chemical stability and compatibility with
cathode materials [162,163]. As illustrated in Fig. 1.19, the cathode structure requires the binder
to ensure a uniform distribution of active materials and conductive agents across the electrode
surface. Table 1.6 summarizes the electrochemical performance of several cathodes employ-
ing PVDF as a binder. For example, a cathode composed of 80% Li(Lig.17Nig25Mng 58)O2, 10%
acetylene black (AB), and PVDF binder demonstrated a high discharge capacity of 238 mAh.g !
after 100 cycles, and 186 mAh.g ! at a 6C rate after 50 cycles [164].

(a) . . (b) Conventional cathode binders (PVDF)
Cathode active Conductive .

material additives .
1
1
J’ ! Structure degradation

/7

Binder

Fig. 1.19: (a) Schematic illustration of the cathode and binder structure in LIBs. (b) Structural
degradation and limitations associated with conventional PVDF binders after cycling.

In a separate study, Spreafico et al. developed a novel water-based, NMP-free process for
cathode preparation using PVDF binder. By coating LiCoO; cathode materials with a uniform
layer of copper through an electroless deposition process, the researchers achieved comparable
performance to conventional PVDF binders processed in NMP. This approach not only elim-
inates the need for toxic solvents but also shows potential for scale-up using semi-industrial
plating techniques [165].

Furthermore, Zheng et al. investigated the effect of varying PVDF and AB ratios on cathode
performance. Their results indicate that a PVDF/AB weight ratio of 5:4 provides the highest
cell performance. However, increasing the ratio to 5:5 led to a decline in conductivity, attributed
to insufficient particle connectivity caused by binder deficiency. These findings emphasize
the importance of optimizing the binder-to-conductive additive ratio to balance mechanical
cohesion and electrical conductivity [166]. Table 1.6 presents a comparative summary of the
electrochemical performances (at the 100th cycle) of various cathode materials employing PVDF
as the binder, highlighting differences in capacity, cycle number, and retention efficiency across
different material compositions and mixing ratios
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Table 1.6: Electrochemical performance comparison of various cathodes fabricated using PVDF

binder.
Active Mixing Electrochemical Capacity Ref
Materials Ratio Performance (mAh.g~!) Retention (%) )
Cu-LCO 54:3:10.4 ~ 100.9 97 [165]
Ni0.8C00.15A10.05 89.4:8:4.8 ~ 173 90 [166]
Lio.17Nio‘25Mn0.58 8:1:1 ~ 238 80 [164]
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1.3 Challenges and Project Objectives

Table 1.7 summarizes the essential similarities and differences between fuel cells (FCs)
and lithium-ion batteries (LIBs), emphasizing their shared reliance on interfacial electrochem-
istry. As discussed in Secs. 1.1 and 1.2, both systems have benefited from major technological
advances, with extensive contributions from experimental studies, multiscale modeling, and
high-performance simulations. Nevertheless, despite decades of progress, many of the mecha-
nisms governing device performance and degradation remain insufficiently understood at the
atomic scale.

In fuel cells, a central unresolved challenge lies in disentangling proton and electron trans-
port at the catalyst-membrane interface. The local environment at the Pt/Nafion boundary
hydration level, polymer orientation, and the formation or loss of functional groups strongly af-
fect charge-transfer pathways and catalyst durability. Yet most existing studies rely on continuum-
scale or phenomenological descriptions, leaving an important knowledge gap regarding the
atomistic mechanisms that trigger structural deformation, chemical degradation, and perfor-
mance loss. Ab-initio investigations of hydrated platinum surfaces interacting with Nafion
fragments remain scarce, and even fewer studies examine how changes in surface hydration or
sulfonic group proximity alter charge distributions and proton conduction.

A similar gap exists in lithium-ion batteries. Silicon is a promising next-generation an-
ode, but its performance is limited by volume expansion, surface reactivity, and unstable solid-
electrolyte interphase (SEI) formation. Although the behavior of crystalline and amorphous sil-
icon has been widely simulated, the role of polymer binders, particularly poly(vinylidene flu-
oride) (PVDF), at oxidized Si surfaces has received far less attention. In real electrodes, silicon
develops native oxides and hydroxyl groups, which strongly influence adhesion, charge trans-
fer, and mechanical stability. However, prior computational studies typically examine PVDF in
vacuum or idealized environments, overlooking oxidized and hydrated surfaces where actual
battery degradation begins. Understanding how a- and B-PVDF phases interact with oxygen-
rich surfaces is therefore crucial for designing electrodes that remain intact during cycling.

Table 1.7: Comparative summary of the key similarities and differences between fuel cells and
batteries.

Comparison Fuel Cell Battery

Function Energy conversion Energy storage & conversion

Technology Electrochemical reactions Electrochemical reactions

Typical fuel Usually pure hydrogen (or hydro- Stored chemicals
carbons)

Useful output DC electricity DC electricity

Main advantages High efficiency & Reduced harmful High efficiency & High maturity
emissions

Main disadvantages High cost & Low durability Low operational cycles & Low

durability

These challenges share a common origin: insufficient atomic-scale knowledge of how key
materials-catalysts, polymers, electrolytes-interact at their interfaces under realistic operating
conditions. The degradation of both FCs and LIBs often initiates at these buried boundaries,
where chemical bonding, dipole alignment, proton or ion migration, and mechanical strain
converge. Bridging this gap requires high-accuracy electronic-structure modeling that can
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quantitatively describe charge transfer, interfacial bonding, and the energetic stability of dif-
ferent molecular configurations.

The primary objective of this dissertation is to provide such atomistic insights using state-
of-the-art density functional theory (DFT) computational techniques. Specifically, this work
aims to:

¢ Elucidate the interfacial charge-transfer mechanisms governing proton conduction and
polymer degradation at the hydrated Pt/Nafion interface in proton exchange membrane
fuel cells;

* Determine how surface oxidation, hydroxylation, and polymer phase influence PVDF ad-
hesion and electronic coupling on Si(110), a technologically relevant surface for lithium-ion
battery anodes;

¢ Identify structural motifs, molecular orientations, and surface terminations that enhance
interfacial stability and minimize chemically driven degradation; and

¢ Establish general principles that connect atomic-level behavior to macroscopic performance
in next-generation electrochemical energy devices.

By integrating detailed structural optimizations with charge density difference (CDD) anal-
ysis, the Bader charge analysis, local density of states (LDOS), energy interaction, and energy
stability evaluations, this dissertation presents a unified theoretical framework for understand-
ing and optimizing the interfaces that govern fuel cell and battery operation. The insights
gained here are expected to guide the rational design of improved catalyst-membrane inter-
faces in PEMFCs and more robust binder-anode architectures in silicon-based LIBs, contribut-
ing to the advancement of durable, high-efficiency energy technologies.
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2.

“What we observe is not nature itself,
but nature exposed to our method of questioning.”

— Werner Heisenberg —
Nobel Prize Laureate in Physics — 1932

Electronic Structure Theory: Methods,

Techniques, and Tools

This chapter provides a foundational overview of the theoretical and computational frame-

work used in modern quantum chemistry and condensed matter physics. It introduces key
quantum mechanical principles and methods essential for first-principles calculations of mate-
rials, leading to the implementation of Density Functional Theory (DFT) and its practical use
through computational packages.

% Chapter Outline

Introduction to Quantum Chemistry: Introduces the fundamental concepts of quantum
chemistry relevant to electronic structure calculations. (Sec. 2.1)

Schrédinger Equation: Describes the time-independent Schrodinger equation as the cen-
tral equation of non-relativistic quantum mechanics. (Sec. 2.2)

Born-Oppenheimer Approximation: Explains the separation of electronic and nuclear
motions. (Sec. 2.3)

Hartree-Fock Approximation: Outlines the mean-field approach to solving many-body

electronic systems and the concept of exchange interactions.
(Sec. 2.4)

Density Functional Theory (DFT): Introduces the DFT framework as a widely used method
in electronic structure theory. (Sec. 2.5)

o

Local-Density Approximation (LDA). (Sec. 2.5.1)
Generalized Gradient Approximation (GGA). (Sec. 2.5.2)
van der Waals Correlation Functions. (Sec. 2.5.3)
Hubbard (U) Model (DFT+U). (Sec. 2.5.4)

(e]

O

o

Pseudopotentials: Explains the use of pseudopotentials to simplify the description of core
electrons, making DFT calculations more efficient. (Sec. 2.6)

The DFT Implementation: Details the computational implementation of DFT and its prac-
tical realization in numerical simulations. (Sec.2.7)

o Self-Consistent Field (SCF) Methods: Describes the iterative process for achieving
self-consistency in the electron density during DFT calculations. (Sec. 2.7.1)

o Quantum ESPRESSO (QE): Introduces the QE software suite used for plane-wave
DFT simulations and its relevance to this thesis. (Sec. 2.7.2)
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2.1 Introduction to Quantum Chemistry

Quantum chemistry forms the foundation of theoretical and computational chemistry by
applying the principles of quantum mechanics to study the behavior of atoms and molecules.
It enables the accurate prediction of molecular properties, energetics, and reactivity by solving
equations that govern the motion and interaction of electrons in matter.

Computational chemistry, as a broad and interdisciplinary field, plays a vital role in modern
chemical research. It facilitates the prediction and interpretation of experimental results, allow-
ing the investigation of systems or phenomena that may be experimentally inaccessible due to
limitations in resolution, stability, or scale. The field encompasses both classical and quantum
mechanical methods applied across various systems-from isolated atoms and molecules to ex-
tended solids and biomolecular assemblies. While classical mechanics is suitable for describing
large-scale systems such as macromolecules and protein folding [167], the description of atomic
and subatomic particles-particularly electrons-requires the framework of quantum mechanics
due to the discrete and probabilistic nature of quantum phenomena.

Quantum mechanical methods are essential for understanding the electronic structure of
matter. These methods enable the computation of key properties such as total energies, molecu-
lar geometries, electronic distributions, ionization potentials, adsorption energies, and reaction
mechanisms [168]. As such, quantum chemistry offers insights into the fundamental aspects of
chemical bonding, electron transfer processes, and material behavior under various thermody-
namic and chemical conditions.

At the core of quantum chemistry is the Schrédinger equation, which governs the behav-
ior of quantum systems. For a given molecular or atomic system, the solutions of the time-
independent Schrodinger equation yield a set of wavefunctions corresponding to different
quantum states. From these wavefunctions, observable quantities such as energy levels, bond
lengths, and orbital distributions can be derived.

However, due to the complexity of solving the Schrodinger equation exactly for systems
with more than one electron, a number of approximations must be employed. These approx-
imations, ranging from the Born-Oppenheimer approximation to mean-field methods such as
Hartree-Fock theory and beyond, are necessary to render quantum mechanical models com-
putationally feasible for real-world chemical systems. Despite these approximations, quantum
chemistry remains a powerful tool for elucidating molecular and material properties with re-
markable accuracy.

2.2 Schrodinger Equation

In quantum chemistry, the central objective of electronic structure theory is to solve the
Schrodinger equation for a given system [169]. All computational approaches developed to
investigate molecular and material systems can ultimately be viewed as strategies for approx-
imating the solution to the molecular Schrodinger equation. This equation governs the quan-
tum mechanical behavior of a many-electron system and provides a complete description of its
electronic structure.

The time-dependent many-body Schrodinger equation, which is fundamental to this anal-
ysis, is expressed as:

N .0
Hy = zha—lf (Eq. 2.1)
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In Eq. 2.1, ¢ denotes the molecular wavefunction-a mathematical expression that encapsulates
the complete quantum state of the system, # is the Hamiltonian operator, which includes the
kinetic and potential energy terms of all particles within the system, i is the imaginary unit, de-
fined as the square root of —1, and 7 represents the reduced Planck constant, equal to Planck’s
constant divided by 27. In practical applications of the Schrodinger equation, the Hamiltonian
operator is typically expressed in terms of its constituent components, which reflect the physi-
cal interactions within the system. Consequently, the explicit form of the Hamiltonian depends
on the nature of the problem being addressed.

In quantum chemistry, the most commonly employed form is the non-relativistic molecu-
lar Hamiltonian within the framework of the time-independent Schrodinger equation. For a
molecular system comprising N nuclei, with atomic numbers Z; and masses M; (i = 1, ..., N),
and 7 electrons, the Hamiltonian is given by the following expression:

N hZ n hZ n N 2
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nuclear kinetic energy  electron kinetic energy electron-nuclear attraction
(Eq. 2.2)
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electron-electron repulsion nuclear-nuclear repulsion

In this formulation, m, represents the electron mass, e denotes the elementary charge, and r;
corresponds to the position vector of the i*" electron. The coordinate of the & nucleus is given
by R,, while € signifies the vacuum permittivity. The Laplacian operator V2, acting on the
coordinates of the i-th particle, is defined as:

, 0 2 9
V2= 927 + %7 + 522 (Eq. 2.3)
In quantum chemistry, it is frequently advantageous to employ atomic units rather than the
conventional Systeme International (SI) units. This choice eliminates numerous physical con-
stants from theoretical expressions, thereby significantly simplifying their form. Throughout
this work, we consistently adopt the atomic units defined in the Table 2.1, except where explic-
itly noted otherwise.

Table 2.1: Fundamental atomic units used in quantum chemical calculations. All quantities are
expressed in terms of the reduced Planck constant (7), electron mass (1.), elementary charge (),
and Coulomb’s constant (1/47te€), yielding a simplified system where these constants become
unity.

Symbol Quantity Atomic Units Standard Units

e charge electron charge 1.6022 x 1071 C
e mass electron mass 9.10938 x 103! kg
ap length Bohr 529177 x 10~ "' m
E; energy Hartree 435974 x 10718 ]
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When expressed in atomic units, the molecular Hamiltonian (Eq. 2.1) undergoes significant
simplification, reducing to the following compact representation:

. N 1 2 n N N ZaZ/S
a=1 i= 1 :1 =1 z>] i — ]| uc>/3’ a 5|
0 Te Ven Wee VN
Where:

o Ty is the kinetic energy operator for the nuclei.

o T, is the kinetic energy operator for the electrons.

oV, is the potential energy operator for electron-nucleus attraction.
e W, is the potential energy operator for electron-electron repulsion.

e Vn is the potential energy operator for nucleus-nucleus repulsion.

While the Schrodinger equation (Eq. 2.4) is the fundamental starting point for understand-
ing the quantum behavior of materials, solving it exactly becomes practically impossible for
systems with many electrons. This is due to the exponential complexity of the wavefunction,
which exists in a 3N-dimensional space, where N is the number of electrons.

For example, consider a unit cell of silicon, with an atomic number of 14 and 28 electrons per
unit cell. The electronic wavefunction in this case depends on 84 spatial variables (3 coordinates
per electron). If we attempt to compute an integral over all electronic degrees of freedom and
discretize each of the 84 dimensions using just 10 points, we would need to evaluate 10%* values.
Even with the most powerful supercomputers, capable of performing around 10'® operations
per second, such a calculation would still take around 10% seconds-which is many orders of
magnitude longer than the age of the universe (approximately 107 seconds).

This illustrates the inherent limitation of solving the Schrédinger equation exactly for re-
alistic systems. As a result, approximation methods-such as the Born-Oppenheimer approxi-
mation, Hartree-Fock theory, and Density Functional Theory (DFT)-are essential tools in com-
putational physics and quantum chemistry. These approaches, which will be discussed in the
following sections, enable us to capture the essential physics of complex systems while keeping
the problem computationally tractable.

2.3 Born-Oppenheimer Approximation

In the time-independent, non-relativistic molecular Schrédinger equation, the total wave-
function of a molecular system, denoted as ¥({r}, {R}), depends on both the electronic co-
ordinates (r) and the nuclear coordinates (R). This full wavefunction describes the quantum
behavior of all the constituent particles-electrons and nuclei-within the system.

However, accounting for the dynamics of both electrons and nuclei simultaneously presents
a significant computational challenge in electronic structure calculations. To reduce this com-
plexity, the Born-Oppenheimer (BO) approximation is introduced [170]. This approximation is
founded on the physical insight that atomic nuclei are much heavier than electrons, typically
by a factor of about 1,800 or more. Due to this large mass difference, nuclei move much more
slowly compared to the rapidly adjusting electrons.
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The key idea of the Born-Oppenheimer approximation is that electrons can adapt instan-
taneously to the positions of the much slower-moving nuclei. That is, the electronic structure
adjusts adiabatically as the nuclei move. This allows us to assume that, at any given instant,
the electrons are in a stationary state corresponding to fixed nuclear positions.

Mathematically, the total molecular wavefunction can then be approximated as a product
of two separate components:

Y({r}, {R}) = E{R}HP(r; {R}) (Eq. 2.5)

where:

e E({R}) is the nuclear wavefunction, treated as being independent of the electronic coor-
dinates.

e &(r;{R}) is the electronic wavefunction that depends parametrically on the nuclear coor-
dinates.

It is important to note that this approximation breaks down in systems where electronic
and nuclear motions are strongly coupled, such as in cases involving non-adiabatic transitions,
conical intersections, or very light nuclei (e.g., hydrogen atoms in proton transfer processes).
This approach can be justified by analyzing the individual terms of the Hamiltonian, each of
which depends explicitly on either the electronic or nuclear coordinates:

ﬁN(R) ,}:[g(r,R)

The total Hamiltonian can be expressed as the sum of an electronic Hamiltonian 7, (r,R) and
a nuclear Hamiltonian #x(R), where includes only those terms from Eq. 2.6 that act on the
nuclear coordinates. However, this does not result in a complete separation of electronic and
nuclear components, since the electron-nuclear Coulomb interaction inherently depends on
both sets of coordinates. Nevertheless, by assuming a fixed nuclear geometry, the nuclear po-
sitions can be treated as parameters, and the electron-nuclear interaction term simplifies to an
effective one-electron operator. This operator represents the electrostatic potential experienced
by the electrons due to a static distribution of point-like nuclear charges. Consequently, an elec-
tronic Schrodinger equation can be formulated using the electronic Hamiltonian, evaluated at
a fixed nuclear geometry, as follows:

H(r;R)D;({r;R}) = [T.(r)+ V(r;R) + W(r)} ®;({r;R}) = &(R)®;({r;R}) (Eq. 2.7)

The electronic wavefunction ®;({r; R} is an eigenfunction of the electronic Hamiltonian, and
the associated eigenvalue &;(R) represents the electronic energy at a fixed nuclear geometry
(R). The set of eigenfunctions ®; forms a complete orthonormal basis, representing the dis-
crete electronic energy levels of the system for a given configuration of the nuclei. Among
these, @) denotes the ground-state electronic wavefunction, with its corresponding energy &.
The full Schrodinger equation for the molecular system at a fixed nuclear geometry can be sim-
ilarly derived by extending Eq. 2.7 to incorporate the nuclear Hamiltonian 7, the nuclear
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wavefunction, and applying the product rule of differentiation to the total wavefunction ex-
pressed as a product of electronic and nuclear components:

H(r,R)¥ii({r}, {R}) ~ [Hn(R) + &(R)] Zi({R}) ®j(r;R})
= E;; Ei({R}) q)]-({r;R}) (Eq. 2.8)

Here, E;; denotes the total energy of the molecular system when it is in the it nuclear and jth
electronic eigenstate. Within the framework of the Born-Oppenheimer approximation, it is as-
sumed that the energy separation between different electronic states &; is sufficiently large to
prevent any significant coupling between the electronic and nuclear wavefunctions. In other
words, as the nuclear positions evolve, the system remains confined to a single electronic state.
Consequently, the electrostatic potential acting on the nuclei, arising from the surrounding
electron cloud, is described by a potential energy surface &;(R), corresponding to that specific
electronic state.

Once a set of solutions to Eq. 2.7 has been obtained, defining the potential energy surface &;(R),
the corresponding nuclear Schrodinger equation can be expressed as:

[(An(R) + &(R)] Ei({R}) = [Tn(R) + Ui (R)] &;({R}) = £ &({R}) (Eq. 2.9)

where £ jN denotes the j nuclear energy eigenvalue, and i;(R) represents the Born-Oppenheimer

potential energy surface corresponding to the it" electronic state,
Ui(R) = Vnn(R) + &i(R) (Eq. 2.10)

The nuclei can be treated as interacting classically rather than quantum mechanically in this
context. Although this approach introduces a certain degree of approximation, the Born-Oppenheimer
approximation can be effectively applied to most quantum chemical problems, thereby signif-
icantly facilitating the process of obtaining accurate and practical solutions to the electronic
Schrodinger equation.

2.4 Hartree-Fock Approximation

Various methods have been developed to solve the time-independent form of the Schrodinger
equation for electrons. Among the ab initio approaches, many begin with the Hartree-Fock ap-
proximation as a foundational framework. This method provides a mean-field description of
the electronic structure, serving as a starting point for more accurate post-Hartree-Fock tech-
niques [171].

We begin by formulating the expression for the time-independent, non-relativistic Hamil-
tonian H, for a system consisting of N electrons, located at positions 7;, and Ny nuclei, located
at positions R,.
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In the Eq. 2.11, the electronic kinetic energy (T,) and the nucleus-electron attraction term (Vi)
are represented as sums of one-electron operators, with each term depending solely on the po-
sition of a single electron. The nucleus-nucleus repulsion term (VNN), which is independent of
the electronic coordinates, acts as a constant operator for the system. In contrast, the electron-
electron repulsion operator (V) depends on the simultaneous positions of pairs of electrons.
This many-body interaction introduces significant complexity, rendering the equation analyti-
cally unsolvable for systems containing more than one electron.

The Hartree-Fock (HF) approximation addresses this challenge by assuming that each elec-
tron experiences an average or mean-field potential generated by all other electrons. This ap-
proach effectively transforms the electron-electron repulsion term into a one-electron operator,
thereby reducing the full many-body Hamiltonian into a sum of single-electron Hamiltonians

(7’20 — 7:[0):

7:2 _ N . Ny a—1 Zqu
0(1’1,...,1"1\]) = ZF(}’Z)—f—ZZW (Eq 212)
i=1 a=1p=1 1144 b

The term F(r;) in Eq. 2.12 is referred to as the Fock operator. It is inherently dependent
on its own solution, as it includes contributions from the mean-field generated by the electron
density obtained through the solution of the equation itself.

% Fock Operator

Assuming the exact solutions are known, we can define the corresponding eigenfunctions
Xi(r) and their associated eigenvalues €; by the following eigenvalue equation:

E(r),xi(r) = e, xi(r), i=1,...,N (Eq. 2.13)

where x;(r) and €; are the eigenfunctions and corresponding eigenvalues of the operator F.

To incorporate the spin of the electron, the one-electron functions y;, referred to as orbitals, are
combined with the spin function {(c). This coupling results in the formation of spin-orbital
functions ¢; ¢

Pis(r,0) = ¢is(x) = xi(1)s(0) (Eq. 2.14)

The eigenvectors of 7—?0 are represented by Slater determinants, which are antisymmetrized
products of the spin-orbital functions ¢;;. These determinants ensure compliance with the
Pauli exclusion principle and the antisymmetry requirement of fermionic wavefunctions. The
general form is expressed as [¢;) = |[[1;s ¢is]). The Fock operator can be decomposed into
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three distinct components:

i+ Y (i - K) (Eq. 2.15)

k

The operator /1 includes both the kinetic energy of the electron and the electron-nucleus attrac-
tion, and the summation index k runs over the N occupied spin-orbitals. The term f; represents
the Coulomb operator, which accounts for the electrostatic repulsion between a given electron
and the average charge distribution of the others. The term K} is the exchange operator, which
arises due to the antisymmetry of the wavefunction and has no classical counterpart. The ex-
change operator K reflects a purely quantum mechanical effect with no classical analog, arising
from the wave-like nature and indistinguishability of electrons. The energy associated with a
single orbital within the Fock operator framework can then be expressed as:

i Ui = hii = (¢ilht|pr) (Eq. 2.16)
with
Jie = (il Telgr),
@illelon) = SS// X; (r) xj |r_rf| ') xk(r') i dy (Eq. 2.17)
and

Kix = (il Kk | i),

¥ (") i (v Eqg. 2.18
(@i Ki|¢y) = b5, 655, /Xl (r) xe(r) i (') 2 (') (Eq. 2.18)

drdr
[r—7'|

The ground-state (GS) wavefunction |) of the mean-field Hamiltonian is obtained by occu-
pying the spin-orbitals in order of increasing energy, with each spatial orbital accommodating
two electrons of opposite spin. The total ground-state energy consists of the nucleus-nucleus
repulsion energy and the sum of the eigenvalues ¢; of all occupied orbitals, corrected by sub-
tracting the electron-electron interaction energy to avoid double counting. According to the
variational principle, the self-consistent solution corresponds to the lowest possible energy, en-
suring that the obtained wavefunction approximates the true ground state.

% Variational Principle

The variational principle states that for any trial N-electron wavefunction |¢) that satisfies
the normalization condition, the expectation value E of the Hamiltonian evaluated with this
wavefunction will always be greater than or equal to the true ground-state energy Eo. Mathe-
matically, this is expressed as:
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E = (|H|p) = (ol H|tpo) = Eo (Eq. 2.19)

This principle forms the foundation of many approximate methods in quantum chemistry, as it
ensures that the best approximation to the ground-state wavefunction is the one that minimizes
the total energy [172].

2.5 Density Functional Theory (DFT)

Historically, before the 20" century, the concept of first principles appeared in philosophy,
mathematics, and theoretical physics, referring to fundamental assumptions or truths that are
self-evident and cannot be derived from other propositions. In philosophy, the notion traces
back to ancient Greece, particularly within Aristotelian thought. In mathematics, first princi-
ples are known as axioms or postulates-statements accepted without proof. In the natural sci-
ences, including physics, first principles approaches are those built directly upon fundamental
scientific laws, without relying on empirical models or fitting parameters.

Following the development of the Schrodinger equation (Sec. 2.2) in the early 20" century,
quantum mechanics came to be regarded as the foundational first-principles theory in physics.
Today, first-principles or ab initio methods refer specifically to quantum mechanical approaches
widely used in condensed matter physics, chemistry, and materials science.

Nonetheless, an exact solution of the Schrodinger equation for many-electron systems re-
mains practically impossible due to the enormous computational demands associated with
many-body problems. To overcome these limitations, density functional theory (DFT) has
emerged as a powerful and practical alternative. Based on the foundational work of Hohen-
berg and Kohn (1964) [173] and the subsequent Kohn-Sham formalism (1965) [174], DFT has
become a cornerstone technique in the theoretical investigation of materials, offering an effi-
cient framework for studying complex electronic systems [175].

An important alternative to the Hartree-Fock method (Sec. 2.4) is DFT, where the elec-
tron density becomes the fundamental quantity for determining a system’s properties. DFT
achieves significantly lower computational cost than Hartree—Fock calculations while also re-
covering a portion of the electron correlation energy, which Hartree-Fock neglects.

++ Hohenberg-Kohn (H.K.) Theorems

The concept of electron density as a central variable was first introduced in 1927 by Thomas
and Fermi [176]. They proposed using a mono-electronic function, the electron density, to de-
scribe the ground-state properties of a many-electron system, which is a significantly simpler
quantity than the many-body wavefunction. In quantum mechanics, the square modulus of
a normalized wavefunction, |{(x1,x2,...,xN) ]2 dx1dxy ... dxy, represents the probability of
simultaneously finding electron 1 within an infinitesimal volume dx; around xq, electron 2
within dx; around x,, and so on. The electron density is obtained by integrating the probability
distribution over all electron coordinates except one, reflecting the indistinguishability of elec-
trons:

n(r) = N/ \w(xl,xz,...,xN)\zdxl dxy ...dxn (Eq. 2.20)
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From this definition, it follows that n(r)dr represents the average number of electrons within
the infinitesimal volume dr surrounding the position r, and that the integral of n(r) over all
space yields the total number of electrons N. The electron density #(r) is a measurable physical
quantity and is associated with the density operator 7.

DFT draws heavily from the foundational ideas introduced by the Thomas-Fermi model
regarding the electronic structure of materials. A major advancement came in 1965, when Ho-
henberg and Kohn established a rigorous formal framework for DFT through two fundamental
theorems [177]. In their first theorem, they demonstrated that for any system of interacting elec-
trons, the external potential and consequently the total energy are a unique functional of the
electron density. This implies that the electron density uniquely determines the external po-
tential acting on the electrons, and therefore all ground-state properties of the system. As a
result, any ground-state property of the system, including the ground-state energy itself, can
be expressed as a functional of the electron density.

e H.K. 1% Theorem: Each N-electron density corresponds to the ground-state density of at
most one Hamiltonian H|[vext, N|, where the external potential vey is uniquely determined,
up to an additive constant c:

n(r) = n'(r) = vext(r) = by (r) +c (Eq. 2.21)

Thus, there exists a unique functional, Fyyk [n], of the electron density that enables the determi-
nation of ground-state properties.

Hglec [Tl] = Te + Vee + VNe
= Fux[n] + / ONe(r)n(r)dr (Eq. 2.22)

The second Hohenberg-Kohn theorem establishes that the variational principle applies to this
universal functional. Although the existence and uniqueness of Fyx [n] are guaranteed, its ex-
plicit mathematical form remains unknown.

* H.K. 2" Theorem: For any positive integer N and external potential v(r), there exists a
density functional Fyk [n] such that the functional Fyx [n] +
J v(r)n(r) dr attains its minimum at the ground-state electron density corresponding to
a system of N electrons in the potential v(r). This minimum value corresponds to the
ground-state energy E[v] of the system.

Subsequent to their original formulation, the theorems were expanded and adapted, leading to
the formalism that is now standard in the field [178].

< Kohn-Sham Method

As previously discussed, the challenge in solving the Schrodinger equation (Sec. 2.2) arises
from the complexities introduced by electron-electron interactions. Building upon the second
Hohenberg-Kohn theorem, which asserts that the ground-state energy of a system is the global
minimum of a functional of the electronic density, Kohn and Sham proposed a method to ad-
dress the many-body problem. Their approach involves substituting the interacting system
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with a fictitious system of non-interacting particles, represented by a set of orthonormal or-
bitals «;, allowing for the exact calculation of the non-interacting kinetic functional Ts[n]:

Tyln] = —5 ¥ (@] A o) (Eq. 2.23)

In the Kohn-Sham framework, the fictitious electrons are subjected to a modified potential that
ensures the same ground-state electron density as the real interacting system. The total en-
ergy functional is constructed by incorporating the Hartree energy functional (Eg[n]), which
represents the classical Coulomb interaction, and the exchange-correlation energy functional
(Exc[n]), whose exact form remains unknown, into the Kohn-Sham functional. Consequently,
the total energy functional F[n] is expressed as:

F[n] = Ts[n] + En[n] + Exc[n] (Eq. 2.24)
And the Kohn-Sham potential related to Eq. 2.24 is:
ks (1) = vne(r) +on(r) + vxe(r) (Eq. 2.25)

The electron density n(r) is obtained from the Kohn-Sham orbitals «; as:

n(r) = Y la(r) P (Eq. 2.26)

where «;(r) are the Kohn-Sham orbitals. The total ground-state energy of the system corre-
sponds to the sum of the eigenvalues of these orbitals, adjusted by the Hartree and exchange-
correlation energies, as given by:

Ey = I%‘{IZ%’I {F[n] + / n(r)one(r) dr} a2
— min {Ts (1] + Egi[n] + Exeln] + / n(r)one(r) dr}

aj

Finally, the one-electron Kohn-Sham equations are solved self-consistently by iteratively ad-
justing the total energy functional concerning the orbitals, ensuring convergence to the ground-
state electron density:

[—;A + va(r)] wi(r) = e (r) (Eq. 2.28)

The energies €} correspond to the eigenvalues associated with the Kohn-Sham orbitals. The
primary challenge of the method lies in accurately determining the exchange-correlation (Exc)

45



functional.

The current challenge lies in identifying an exchange-correlation functional that most ac-
curately approximates the true exchange-correlation potential. DFT is a rigorous formalism in
which the electronic density is represented within an independent particle model, described
by a single determinant. While this approach greatly simplifies calculations, it introduces sig-
nificant complexity within the exchange-correlation term. To improve the description of inter-
actions, numerous approximations to the exchange-correlation energy, treated as a functional
of spin density, have been developed and tested. Modern functionals include the local density
approximation (LDA), the generalized gradient approximation (GGA), and other components
or parameters designed to enhance the accuracy of the overall functional. The ideal univer-
sal functional should provide an accurate description of any system under study, whether a
molecule, a solid, or any other system. However, this exact functional remains unknown, and
thus, we rely on approximations derived either from physical construction (ab initio) or exper-
imental fitting. These approximations are classified according to Jacob’s ladder (see Fig. 2.1)
and will be discussed in the following sections.

Heaven: Chemical Accuracy

¢
5
%’ Meta-GGA: V2p(r)

GGA: Vp(r)

LDA: p(r)

Earth: Hartree World

Fig. 2.1: Jacob’s ladder, showing the first five rungs leading towards the theoretical universal
functional.

2.5.1 Local-Density Approximation (LDA)
The first rung of Jacob’s ladder is represented by the local density approximation (LDA) or

local spin density approximation (LSDA), in which the exchange-correlation functional is de-
pendent only on the electronic density [174]:

ELPA[(r)] = / n(r)exc(n(r)) dr (Eq. 2.29)
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In Eq. 2.29, ey represents the exchange-correlation energy per unit volume of the uniform
electron gas. In the LDA, the exchange component of the energy functional closely resembles
Slater’s description, with the primary difference being the pre-factor. The correlation com-
ponent of the functional was derived analytically using quantum Monte Carlo simulations of
the uniform electron gas [179]. While LDA serves as a reasonable starting approximation and
yields accurate results for delocalized electronic charge systems, it performs best for systems
with slowly varying electron densities. Although the energy at each point is not explicitly
influenced by its surrounding environment, this approach still produces reasonably accurate
results in many practical applications. Despite its many successes, LDA has notable limitations,
such as a tendency for strong over-binding. Consequently, it has found broader application in
solid-state physics, where electron delocalization is more pronounced, rather than in computa-
tional chemistry. Overall, LDA falls short in providing an accurate description of real chemical
systems, prompting the development of extensions to improve its accuracy.

2.5.2 Generalized Gradient Approximation (GGA)

The next step in the development of more accurate exchange-correlation functionals in-
volves incorporating the gradient of the electron density. The Generalized Gradient Approx-
imation (GGA) extends LDA by assuming that the exchange-correlation energy depends not
only on the local electron density, n(r), but also on its gradient, Vn(r). In other words, GGA
represents a significant advancement over LDA by incorporating approximate non-local ef-
fects. In GGA, the exchange-correlation energy is determined by the local electron density and
also by its gradient, enabling the functional to capture variations in the density more effectively.
Although GGA remains a semi-local approximation, the inclusion of the density gradient al-
lows each point in space to reflect some information about its immediate surroundings. As
a result, GGA generally provides improved accuracy over LDA in a wide range of systems,
while maintaining a relatively low computational cost. For this reason, GGA functionals are
often referred to as semi-local functionals.

GGA functionals generally provide a significant improvement over LDA, particularly in
describing systems with density inhomogeneities. They offer better accuracy for total energies,
atomization energies, molecular geometries, and reaction barriers. Mathematically, GGA func-
tionals are typically expressed as:

ESCA[n(r)] = / n(r) exc (n(r), V(r)) dr (Eq. 2.30)

GGA functionals typically offer better predictions of binding energies, equilibrium geome-
tries, and reaction barriers compared to LDA. They have been widely adopted in both con-
densed matter physics and quantum chemistry. Several formulations have been developed to
describe the exchange-correlation energy density (ey.) within the GGA framework, including
PWO1 [180], PBE [181], and BLYP [182], among others. Among these, the widely used Perdew-
Burke-Ernzerhof (PBE) functional has been adopted in the present study [181,183]. These func-
tionals are favored due to their balance between accuracy and computational efficiency. De-
spite these improvements, GGA still has limitations, particularly in describing Van der Waals
(dispersion) interactions and strongly correlated systems, motivating the development of even
more sophisticated approximations.
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2.5.3 van der Waals Functionals

van der Waals (vdW) interactions were first identified by Johannes Diderik van der Waals
in 1873, an achievement that ultimately earned him the Nobel Prize in Physics in 1910 [184].
These interactions refer to weak attractive or repulsive forces between atoms, molecules, or
molecular groups that do not arise from covalent or ionic bonding. Instead, they originate from
quantum mechanical fluctuations and electrostatic interactions between charge distributions.
vdW forces can be categorized into three primary components [185]:

¢ Keesom interactions: arising from electrostatic attractions between permanent dipoles;

* Debye interactions: due to the interaction between a permanent dipole and an induced
dipole;

* London dispersion forces: resulting from instantaneous dipole-induced dipole interac-
tions, present even in non-polar systems.

While these forces are relatively weak compared to covalent or ionic bonds, they play a crucial
role in a variety of physical, chemical, and biological processes, particularly in soft matter and
molecular assemblies. In traditional 3D bulk crystals, where strong chemical bonding dom-
inates, van der Waals interactions are often negligible. However, their significance becomes
pronounced in low-dimensional systems, such as two-dimensional (2D) materials, where inter-
layer bonding is weak or absent. In such cases, van der Waals forces govern interlayer cohesion
and strongly influence structural, mechanical, and electronic properties.

From the perspective of DFT, conventional approximations such as LDA and GGA do not
adequately describe dispersion forces, as these methods rely on local or semi-local information
about the electron density and neglect long-range electron correlation effects. To address this
limitation, van der Waals correlation functionals have been developed. These include empiri-
cal corrections (e.g., DFT-D methods), non-local correlation functionals (e.g., vdW-DF family),
and hybrid approaches that aim to accurately capture dispersion interactions while maintain-
ing computational efficiency. The inclusion of van der Waals interactions is essential for the
realistic modeling of layered materials, molecular crystals, surface adsorption, and other sys-
tems where weak interactions play a defining role.

*» Empirical Dispersion Corrections (DFT-D)

One widely used approach is the empirical dispersion correction method, commonly re-
ferred to as DFT-D. This method adds an additional pairwise interaction term to the conven-
tional DFT energy [186,187]:

Eprr-p = Eprr + Episp (Eq. 2.31)

where Epgp, is a dispersion energy term typically expressed as a sum over atom pairs:

1
Episp = —5 Y Ceij (Eq. 2.32)

i,j

37+ R faamp (i + )
R
In Eq. 2.32, fyamp is @ damping function that ensures the correction vanishes at short range to

48



avoid double-counting:

-1
} (Eq. 2.33)

. <I+RI_1)
)

Where, #; = (7, — 7;) is atom-atom distance vector, R(= 1 + mb + nt) is a lattice vector, sg
is functional-dependent scaling parameter, d is a parameter that tunes the steepness of the
damping function (d = 20, ss = 0.75 in PBE), 1 is computed by the simple sum of vdW radii
of the atom pairs (ro = ro; + ¢;), and Cg;; is a coefficient computed for each atom pair by the
geometric mean of atomic terms (Cg;; = 4/Csi-Cgj).- These methods are simple, computationally
efficient, and widely supported in modern DFT codes.

In our calculations, van der Waals interactions were accounted for using the DFT-D method,
which provides an accurate correction to the total energy while maintaining compatibility with
standard GGA functionals.

fdamp (‘E]"‘RD =56 {1+exp

< Non-local van der Waals Functionals (vdW-DF)

An alternative and more physically motivated approach involves the use of non-local cor-
relation functionals, such as those implemented in the van der Waals density functional (vdW-
DF) method. Unlike DFT-D, vdW-DF introduces a non-local correlation term directly into the
exchange-correlation functional:

Exc[n] = ESSA[n] 4+ EXPA[n] 4 EM[n). (Eq. 2.34)

where EN[n] is the non-local correlation energy that explicitly accounts for long-range vdW
interactions. Variants of this approach include vdW-DF1, vdW-DEF2, optB88-vdW, and others,
each differing in their exchange functional and parameterization. This method avoids empir-
ical fitting and is particularly suitable for systems where dispersion interactions are critical,
such as layered materials, molecular crystals, and physisorbed surfaces. However, it is gener-
ally more computationally demanding than DFT-D.

In cases where higher accuracy is required, especially for weakly bonded systems, the vdW-
DFT framework was employed using the DFT-D functional to ensure a more rigorous treatment
of dispersion interactions. The DFT-D approach provides a computationally efficient correction
to standard DFT functionals, improving the description of non-covalent and van der Waals
interactions at interfaces. This treatment captures long-range dispersion forces essential for
accurately describing adsorption energies and interfacial stability, in line with previous DFT
studies [186].

2.5.4 Hubbard (U) Formalism (DFT+U)

In strongly correlated systems, the motion of electrons between localized orbitals on differ-
ent lattice sites is significantly hindered due to strong on-site Coulomb repulsion. As a result,
electrons tend to remain localized, forming states reminiscent of a Wigner crystal. This behav-
ior is particularly pronounced in materials with partially filled f or d—shells, where electron
correlation effects play a dominant role in determining the material’s electronic properties.

The standard DFT approach, based on semilocal functionals such as LDAs, GGAs, or meta-
GGAs, typically underestimates electron correlation in such systems. These functionals often
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treat electrons as delocalized, leading to an overestimation of their ability to hop between lat-
tice sites. This limitation makes conventional exchange correlation functionals inadequate for
accurately describing materials with narrow energy bands and strong electron-electron inter-
actions [188-190].

To address this deficiency, the DFT+U approach was developed. It supplements semilo-
cal functionals with an additional term that introduces a penalty for fractional occupations of
localized orbitals. This correction term, commonly referred to as the Hubbard U term, acts to lo-
calize the electrons more appropriately, effectively enhancing the treatment of on-site Coulomb
interactions [189]. DFT+U can be viewed as a pragmatic or semi-empirical extension of DFT.
Rather than applying the U correction to all orbitals, it is typically restricted to selected corre-
lated orbitals (such as 3d or 4f), where conventional functionals fail. The rest of the system,
especially delocalized bonding orbitals, is still described using the base semilocal functional,
which remains sufficiently accurate in those regions. Thus, DFT+U serves as a computationally
efficient and physically motivated compromise that improves the accuracy of DFT for systems
with strong electronic correlations.

As mentioned above, LDA and GGA functionals typically underestimate the band gap of
semiconductors and insulators. This limitation poses significant challenges when attempting
to accurately predict intermolecular interactions, transition states, and other properties that are
sensitive to the electronic structure. The source of this inaccuracy is primarily attributed to
the self-interaction error (SIE) inherent in standard exchange-correlation functionals. In these
functionals, an electron incorrectly interacts with itself through the Coulomb term, which is
not fully canceled by the approximate exchange-correlation potential. The Coulomb repulsion
term can be expressed as:

_ 1 ppan)n(r) ;
Bu = / / Ay drdr (Eq. 2.35)

This expression describes the interaction between the electron density n(r) at position r and
the density n(r’) at position #’. Notably, it includes the unphysical self-interaction of an elec-
tron with its own charge density, resulting in an artificial self-repulsion term. The exchange
component of the LDA (and to a lesser extent, GGA) fails to fully cancel this self-interaction
error. As a result, this leads to an over-delocalization of the electronic wavefunctions, which
in turn causes a significant underestimation of the band gap in systems containing localized
electrons [191]. The Hubbard model is a simplified framework that modifies the interaction be-
tween particles (either fermions or bosons) in a lattice, capturing essential aspects of strongly
correlated systems. In this context, we consider the case of two electrons with opposite spins
occupying the same atomic orbital. The Hubbard Hamiltonian consists of two primary compo-
nents: a kinetic energy term, representing electron hopping between lattice sites, and an on-site
Coulomb interaction term, which accounts for the energy cost when two electrons occupy the
same site [192]. The Hamiltonian is typically expressed as:

HHub = —t Z (CZUC]',(T + H.C.) + UZnilTnili (Eq 236)
(i,j),o i

The first term of Eq. 2.36 represents the kinetic energy, describing the hopping of electrons
between neighboring lattice sites. In this term, a fermion is annihilated at site j and created at
site 7, and vice versa. The notation (i, j) indicates a summation over nearest-neighbor pairs. The
operators ¢! and ¢; denote the creation and annihilation of an electron at site i, respectively. The
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second term accounts for the on-site Coulomb interaction energy, with the interaction strength
represented by the parameter U. This term describes the energy penalty when two electrons
with opposite spins occupy the same lattice site. The operators 1, and n; | represent the spin-
resolved electron number operators for spin-up and spin-down electrons at site i, respectively.
The total electron density at site i is given by n; = n; ; +n; |. The spin index ¢ labels the electron
spin and can take the values up or down.

The Hubbard model is based on the premise that electrons are strongly localized around
atomic sites and do not move freely across the lattice. Instead, they can “hop” between neigh-
boring atoms, with this hopping governed by the hopping integral (or transfer integral), de-
noted by ¢, which quantifies the strength of electronic coupling between adjacent sites. In con-
trast, the on-site Coulomb repulsion, represented by U, quantifies the energetic penalization
associated with electrons occupying the same localized site.

The competition between these two parameters-hopping strength t and Coulomb repul-
sion U—determines the electronic character of a material. When U > t, double occupancy is
energetically penalized, suppressing electron hopping and leading to a Mott insulating state.
Conversely, when t > U, the electrons are more delocalized, and the material exhibits metallic
conductivity.

Within this framework, the balance between the on-site interaction U and the hopping pa-
rameter t governs electron localization. Building on this physics, the DFT+U approach embeds
a Hubbard-like correction into density functional theory to improve the description of strongly
correlated systems, particularly those with partially filled d or f states.

< DFT+U Method

Accordingly, DFT+U augments standard DFT with a Hubbard-like on-site correction to
treat localized, strongly correlated electrons. This correction specifically targets electrons in
localized orbitals, such as those in d or f shells, which are inadequately treated by standard
semilocal exchange-correlation functionals. The remaining, more delocalized valence electrons
continue to be described using conventional DFT. The correction is characterized by two key
parameters: the on-site Coulomb repulsion U and the on-site exchange interaction J. These
parameters effectively mitigate the self-interaction error present in traditional DFT functionals
and help to localize electrons more realistically. Although U and | can, in principle, be obtained
from first-principles calculations, they are often determined semi-empirically to reproduce ex-
perimental results or benchmark calculations.

One of the major advantages of the DFT+U method is its ease of implementation, as it op-
erates within the same formalism as conventional DFT codes. Moreover, its computational
cost remains comparable to that of standard DFT, with only a marginal increase in complexity.
A further benefit is its flexibility, as the method can be applied in conjunction with a vari-
ety of exchange-correlation functionals, such as LDA (LDA+U) or GGA (GGA+U). The total
exchange-correlation energy within the DFT+U framework is therefore formulated as the sum
of the conventional DFT exchange-correlation energy and the Hubbard correction term. How-
ever, this inclusion introduces the issue of double counting, since the electron-electron inter-
actions in the correlated orbitals are already partially included in the original DFT functional.
To address this, a double-counting correction term is subtracted from the total energy. As a re-
sult, the total energy in the LDA+U (or more generally DFT+U) framework can be expressed as:

Io

Erpatu = Erpale(r)] + Epup[ngys] — Epc[n'] (Eq. 2.37)
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The quantity nl9 , represents the occupation matrix elements for atomic site I with spin o,
where m and m’ denote atomic orbitals sharing the same angular momentum quantum number
L. The total occupation number for spin ¢ on site I is given by the trace of this matrix, expressed
as nl” = ¥, nl? . The definition of the double-counting correction term Epc varies depend-
ing on the phys1cal nature of the system under consideration, and several formulations have
been developed to address different scenarios. Among the most widely adopted approaches
is the fully localized limit (FLL), proposed by Liechtenstein and Anisimov [188,189,193]. This
scheme is particularly suitable for systems with strongly localized electrons, such as those in
d or f orbitals. The corresponding potential in the LDA+U formalism derived from the FLL
framework is given by:

E=E;pa +Z Z nlople) u nt(n! —1) (Eq. 2.38)
I
U'U'
In Eq. 238, n! = ¥, ,nl%, and nll is the occupation number of particular atomic orbitals.

It is evident that the Hubbard correction energy depends explicitly on the orbital occupation
numbers, reflecting its association with strongly correlated electronic states. These occupation
numbers are typically computed by projecting the Kohn-Sham orbitals onto a set of localized
atomic-like basis functions.

oh ) (9

Here, ¢!, denotes the valence orbital with magnetic quantum number m at atomic site I, while
Yy, represents the valence electronic wavefunction associated with the k-point (k), band index
v, and spin ¢. The coefficient f , denotes the occupation weight of the state defined by kv.

o > (Eq. 2.39)

mm' = kav<1/]kv

Although the LDA+U formulation successfully accounts for strong correlation effects, it suf-
fers from a lack of rotational invariance. Specifically, the method depends on the choice of the
localized atomic orbital basis, making the results sensitive to unitary transformations of the
orbital set. To overcome this limitation, Anisimov and collaborators introduced a rotationally
invariant version of the LDA+U method [190,194], in which the correction term depends explic-
itly on the full set of orbital-dependent Coulomb interactions. This approach is regarded as a
more complete and physically consistent formulation. However, a simplified yet effective ver-
sion of the rotationally invariant LDA+U approach was later proposed by Dudarev, which has
gained widespread adoption due to its computational efficiency and robust performance [195].
The additional correction to the total energy in this DFT+U formalism is given by

E= % Y Tr [n’f’(1 - n”)] (Eq. 2.40)
Lo

In this simplified formulation, the effective on-site Coulomb interaction is defined as U,s; =
U — ], where U represents the Coulomb repulsion and | the exchange interaction parameter.
This effective parameter accounts for electron-electron interactions while implicitly incorporat-
ing the exchange effects.
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Studies have shown that the optimal Hubbard U parameter for a given system can vary
significantly depending on both the material and the specific physical property of interest (e.g.,
electronic band gap, magnetic ordering, or optical response) [196-200]. Despite the widespread
use of the DFT+U approach, there is currently no universally accepted standard for deter-
mining the appropriate value of the Hubbard U parameter for a given material system. In
many cases, researchers empirically adjust the U value to match experimental observations-
such as reproducing the correct band gap or magnetic moment. However, this trial-and-error
strategy is inherently empirical and becomes impractical or unreliable for systems lacking ex-
perimental data or involving novel materials. A more rigorous and transferable approach in-
volves computing the Hubbard U parameter from first principles. Among these, the linear
response method is widely recognized as a reliable technique [201]. This method calculates U
self-consistently by perturbing the localized orbitals and measuring the change in occupation,
allowing the parameter to be determined directly from the electronic structure of the system
without relying on external fitting. This approach not only improves the predictive power of
DFT+U but also ensures better physical consistency in strongly correlated systems.

2.6 Pseudopotentials

Plane-wave basis sets are widely used in ab initio calculations for periodic systems due to
their systematic convergence properties and suitability for Fourier-based methods. However, a
significant drawback of plane-wave expansions is the large number of basis functions required
to accurately describe the electronic wavefunctions, particularly near atomic nuclei. This is
especially true when compared to localized atomic-like basis sets.

The core of this issue lies in the behavior of valence electrons near the nucleus. Valence
electronic wavefunctions must remain orthogonal to core states, which causes them to exhibit
rapid oscillations in the core region. Resolving these oscillations with a plane-wave basis set
demands a very high kinetic energy cutoff, resulting in a substantial increase in computational
cost. This challenge becomes even more pronounced for heavier elements, such as lanthanides
and actinides, where core states are deeper and more localized.

Nevertheless, in most materials, chemical bonding and physical properties are predomi-
nantly governed by the behavior of valence electrons. The inner-core electrons are chemically
inert and do not significantly contribute to bonding. Therefore, it is computationally efficient
to divide the electrons into two groups: core and valence. The effect of the core electrons,
including their electrostatic and exchange-correlation interactions, can be encapsulated into a
simplified potential that acts only on the valence electrons. This effective interaction is known
as a pseudopotential or effective core potential (ECP).

The pseudopotential approach replaces the all-electron problem with a valence-only prob-
lem, where the atomic core is represented by a smooth, non-singular potential that avoids the
need to resolve the rapid oscillations near the nucleus. As a result, the valence wavefunctions
become smoother and more easily represented by a modest number of plane waves, signifi-
cantly reducing the computational demand.

The concept of pseudopotentials was introduced independently in the 1930s by Hellmann
[202], Fermi [203], and Gombas [204], and was further developed for many-valence electron
systems by Weeks and Rice [205]. Over time, several types of pseudopotentials have been de-
veloped, including norm-conserving, ultrasoft, and projector-augmented wave (PAW) meth-
ods, each offering different trade-offs between accuracy and computational efficiency.
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Fig. 2.2: Comparison between the all-electron wavefunction in the Coulomb potential (N%) of
the nucleus (blue) and the corresponding pseudo-wavefunction (¥ pseudo) in a pseudopoten-
tial (Vpseudo) (red). Both the wavefunctions and potentials are constructed to match beyond
a chosen cutoff radius 7., ensuring the same scattering properties in the valence region while
avoiding the need to represent the rapid oscillations near the nucleus (Adopted from [206]).

Fig. 2.2 illustrates the basic idea: the true all-electron potential is replaced by a pseudopo-
tential that matches the scattering properties of the valence electrons outside a chosen core
radius, while avoiding the need to represent the deep core behavior explicitly.

To construct a pseudopotential, let ¢, and . denote the wavefunctions of valence and
core electrons, respectively. In this framework, the valence wavefunction ¢, is replaced by a
smoother pseudo-wavefunction 1°F, while the core electrons are frozen and incorporated into
an effective ionic potential acting on the valence states.

o) = [¥P) + ) [pe) ttco (Eq. 2.41)

Here, acy = — (1c|¢°P), which reflects the assumption that valence and core states are orthog-
onal to each other. This orthogonality condition ensures that the pseudo-wavefunction ¢°P
remains properly decoupled from the core state ., preserving the physical accuracy of valence
behavior while simplifying the computational treatment. Given that all valence states must be
orthogonal to the core states, taking the inner product of Eq. 2.41 with a core state yields the
following relation:

(Yeltpo) = (Pe|pP) + Z<1Pd|¢6> tep = 0 (Eq. 2.42)

d

The second term on the right-hand side of Eq. 2.42 can be identified as the coefficient ay,. Ac-
cordingly, the right-hand side of Eq. 2.42, expressed in terms of the pseudo-wavefunction P,
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becomes:

o) = [9F) — X ($ely™P)[¢pe) (Eq. 2.43)

c

Applying the Hamiltonian operator to Equation Eq. 2.43 yields the following expression:
Aly®) + Y (Eo — Eo)lie) (9ely) = Eoly™) (Eq. 244)
And finally:
H® |[yF) = E, [¢*F) (Eq. 2.45)

Eq. 2.45 is formally equivalent to the Schrodinger equation, with the following modifications
or assumptions:

H® = H + E(Ev — Ec)[pe) (9| (Eq. 2.46)
And
VP = Vgt + E(Ev — Ec)|tpe) (9| (Eq. 2.47)

In Eq. 2.47, the first term represents the true (all-electron) potential, while the second term
accounts for the repulsive component introduced in the core region. This repulsive poten-
tial effectively cancels the strong attractive Coulomb potential near the nucleus, resulting in a
smoothed, node-less pseudo-wavefunction that is computationally more tractable.

2.7 Practical Implementation of DFT

The implementation of DFT requires robust numerical methods to solve the Kohn-Sham
equations iteratively, as well as software packages that efficiently handle the computational
complexity of real-world systems. In this thesis, all first-principles calculations are carried out
using the Quantum ESPRESSO (QE) package, a widely used open-source suite for electronic-
structure calculations and materials modeling at the nanoscale. QE is based on DFT and uses
plane-wave basis sets in conjunction with pseudopotentials to solve the Kohn-Sham equations
efficiently [171]. Specifically, in our simulations, we employ projector-augmented wave (PAW)
pseudopotentials, which offer a balanced trade-off between computational efficiency and accu-
racy by reconstructing the all-electron wavefunction from a pseudo-wavefunction. This frame-
work allows us to accurately model the quantum mechanical behavior of electrons in periodic
systems.

The DFT implementation in QE involves two main stages: the Self-Consistent Field (SCF)
procedure and the setup of the computational framework using user-defined input files that
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control parameters such as cutoff energies, k-point sampling, and convergence thresholds.

2.7.1 Self-Consistent Field (SCF) Procedure

The SCF approach lies at the heart of DFT calculations, enabling the iterative solution of
the Kohn-Sham equations until convergence is achieved. In this method, an initial guess for
the electron density is used to construct the Kohn-Sham Hamiltonian. The resulting wavefunc-
tions are then computed, and a new electron density is derived. As shown in Fig. 2.3, this
cycle repeats until the input and output densities differ by a negligible threshold, ensuring
self-consistency. Key challenges in SCF methods include mitigating convergence issues caused
by charge sloshing or poor initial guesses. To address these problems, algorithms such as the
Broyden or Pulay mixing schemes are employed to stabilize the iterative process [207]. Addi-
tionally, advanced techniques like smearing of electronic occupations (e.g., Marzari-Vanderbilt
cold smearing) are often incorporated to accelerate convergence in metallic systems [208]. The
efficiency of SCF methods directly impacts the computational cost of DFT simulations, making
their optimization critical for large-scale calculations.

2.7.2 Quantum ESPRESSO (QE)

All theoretical formulations presented above-including the total energy functional, the com-
putation of interatomic forces and stresses, and the evaluation of the Hubbard U parameter
have been implemented within the Quantum ESPRESSO (QE) distribution, specifically through
the PWscf and HP packages [209-211]. QE is a widely adopted open-source software suite for
performing quantum mechanical simulations of materials using DFT, plane-wave basis sets,
and pseudopotential approximations. Developed by an international consortium, QE offers a
robust and extensible platform for ground-state total energy calculations, structural relaxations,
phonon dispersion analysis, and response function evaluations.

In this thesis, all first-principles calculations have been carried out using fully relativis-
tic ultrasoft pseudopotentials (FR US-PPs) sourced from the PSLibrary v1.0.0 [212]. For the
exchange-correlation functional, we adopted the generalized gradient approximation (GGA)
in the PBEsol formulation [213], and for the EuX series (X = O, S, Se, Te), the local density
approximation (LDA) parameterized by Perdew and Zunger [214] was also employed. The
DFT+U calculations were performed using orthogonalized atomic orbitals, directly obtained
from the pseudopotential files.

Plane-wave basis sets were used to represent the Kohn-Sham wavefunctions, as imple-
mented in QE, owing to their efficiency and compatibility with periodic boundary conditions.
Structural input parameters, such as lattice constants and atomic coordinates, were extracted
from the Materials Project database [215]. The initial structures were constructed using the Avo-
gadro molecular modeling platform [216], high-symmetry k-point paths in the Brillouin zone
were determined via the SeeK-path tool [217], while analysis of structural distortions and vi-
sualization of crystal structures was performed using the VESTA software [218] and XCrySDen
program [219].
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Fig. 2.3: Schematic representation of SCF procedure used in DFT calculations with plane-wave
basis sets, illustrating the iterative loop for achieving convergence of the total energy and elec-
tron density.

57



“What I cannot create,

I do not understand.”

— Richard P. Feynman —

Nobel Prize Laureate in Physics — 1965

3. Materials, Atomistic Modeling, and Com-
putational Methodology

This chapter presents a detailed description of the materials, structural models, and com-
putational approaches employed in the atomistic simulations carried out in this research. The
focus is divided between two major applications: Proton Exchange Membrane Fuel Cells (PEM-
FCs) and Lithium-Ion Batteries (LIBs). For each system, the relevant surface models and poly-
meric materials are introduced, followed by a discussion of the interfacial models and simula-
tion setup. The computational methods, including density functional theory (DFT) parameters
and convergence criteria, are also discussed. This foundational chapter establishes the frame-
work used in the subsequent analysis of interface properties and material performance.

% Chapter Outline

e PEMFCs Modeling (Sec. 3.1)

o Pt(111) Slab: Construction and convergence of parameters; explains the selection and
testing of computational parameters (e.g., energy cutoff, k-point mesh) for the Pt(111)
surface to ensure reliable and accurate simulation results.

(Sec. 3.1.1)

o Nafion Structure: describes the chemical and structural features and their significance
as a proton-conducting membrane in PEMFCs, the importance of hydration level in
Nafion functionality, and the role of Nafion orientation at the Pt surface.

(Sec. 3.1.2)

o Modeling and Simulation of the Pt-Nafion Interface: describes the construction and
simulation of the Pt(111)-Nafion interface.
(Sec. 3.1.3)

¢ LIBs Modeling (Sec. 3.2)

o Si(110) Slab: details the preparation and convergence testing of the Si(110) surface,
which is considered as the anode material in LIBs.
(Sec. 3.2.1)

o PVDF Phases: introduces the structural features of the PVDF (x and B-phases), poly-
mer binder, and explains the phase’s role in enhancing the mechanical and electro-

chemical stability of the electrode.
(Sec. 3.2.2)

o Modeling and Simulation of the Si-PVDF Interface: describes the methodology used
to model and analyze the Si-PVDF interface, with emphasis on interaction mecha-
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nisms, adhesion, and structural stability.
(Sec. 3.2.3)
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3.1 Modeling of PEMFC Interfaces

First-principles calculations, also known as ab initio methods, are widely employed in physics,
chemistry, and materials science to investigate the properties of materials at the atomic scale.
These computational approaches are grounded in quantum mechanics and do not rely on em-
pirical parameters. Instead, they solve the fundamental equations of quantum theory-primarily
the Schrodinger equation, to obtain insights into the electronic structure, total energy, and re-
lated properties of matter. A typical workflow involves constructing an atomistic model of the
system of interest, followed by simulations using DFT or related techniques to extract struc-
tural, electronic, and thermodynamic characteristics.

In this study, the primary focus is the modeling and simulation of the interface between the
Pt(111) surface and Nafion, a perfluorosulfonic acid polymer widely used as a proton-exchange
membrane (PEM). This interface plays a key role in the performance of proton exchange mem-
brane fuel cells (PEMFCs), where efficient electrochemical reactions are vital for energy conver-
sion.

As illustrated in Fig. 3.1, a typical PEMFC consists of an anode and cathode separated by
an ion-conducting membrane, such as Nafion. These fuel cells operate by electrochemically
converting chemical energy-typically from hydrogen-into electrical energy, with water as the
only byproduct. Platinum is commonly used as the catalyst at both electrodes due to its excep-
tional catalytic activity and stability. Despite its high cost and scarcity, Pt remains indispensable
in PEMFC technology because of its ability to facilitate both the hydrogen oxidation reaction
(HOR) at the anode and the oxygen reduction reaction (ORR) at the cathode [220-223].

Anode Polymer Cathode
Electrolyte
Membrane

Fig. 3.1: Schematic representation of the proton exchange membrane fuel cell (PEMFC) interfa-
cial region, the focal point of this study.

The accurate modeling of the Pt(111) /Nafion interface is therefore essential for understand-
ing interfacial charge transfer, proton transport mechanisms, and the degradation processes
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that affect cell efficiency and longevity. In the following section (Sec. 3.1.1), the procedure for
constructing a Pt(111) slab model to represent the anode surface is presented. This includes the
definition of the unit cell and the determination of the equilibrium lattice parameter through
convergence tests, ensuring structural and energetic accuracy for subsequent simulations.

3.1.1 Construction and Convergence Analysis of the Pt(111) Surface

As discussed in Sec. 1.1.3, platinum (Pt) is a widely used noble metal with applications
ranging for catalytic converters and fuel cell electrodes. Platinum has the atomic number 78
and an electron configuration of [Xe] 4f145d%s!. Tt crystallizes in a face-centered cubic (FCC)
lattice structure (Fm3m space group), with an experimentally determined lattice constant of
approximately 3.94 A [224]. This structure is also commonly referred to as cubic close-packed
(CCP), with a slightly refined lattice constant of 3.9242 A [225].

Among various low-index surface orientations of platinum, namely Pt(100), Pt(110), and
Pt(111), the Pt(111) surface is most frequently reported as the thermodynamically most stable
and catalytically active configuration under polymer electrolyte membrane fuel cell (PEMFC)
operating conditions [226]. This is due to its lowest surface energy and highest packing density
compared to other orientations.

+ Convergence of parameters

Quantum ESPRESSO (QE) is a widely used DFT software package that employs a plane-
wave basis set and pseudopotentials for electronic structure calculations. In plane-wave-based
DEFT codes, one of the critical convergence parameters is the kinetic energy cutoff for the plane-
wave basis, which is specified by the ecutwfc flagin the input file. This parameter determines
the maximum kinetic energy of plane waves used to expand the electronic wavefunctions, and
its proper selection is essential to ensure the accuracy and reliability of the results.

To determine the optimal energy cutoff, a convergence test was performed by calculating
the total energy of the system as a function of the cutoff energy. As shown in Fig. 3.2, the total
energy obtained after full SCF convergence is plotted as a function of the plane-wave cutoff
energy. According to the convergence criterion adopted in this study, the cutoff is considered
converged when the change in the converged total energy (|AE|) with respect to the chosen
tolerance is smaller than o« 107>.

From the results in Fig. 3.2, it is evident that a cutoff energy of 60 Ry (~ 800 eV) is sufficient,
as the total energy shows negligible variation beyond this point. This value was therefore
chosen for all subsequent calculations to balance computational cost and accuracy. To model
the Pt(111) surface accurately, we begin by constructing a slab based on the optimized FCC
primitive unit cell. The initial step involves determining the equilibrium lattice parameter of
bulk platinum through structural relaxation and total energy minimization. For this purpose,
DEFT calculations were performed using a plane-wave basis set and ultrasoft pseudopotentials,
as described in Sec. 2.6. Exchange-correlation interactions were treated within the framework
of the Perdew-Burke-Ernzerhof (PBE) functional [227], employing the Generalized Gradient
Approximation (GGA) [180].
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Fig. 3.2: Convergence of the total energy per atom as a function of the plane-wave kinetic
energy cutoff (ecutwfc ) for the Pt(111). The total energy stabilizes beyond 60 Ry (~ 800 eV).

The next essential step in preparing a reliable plane-wave DFT calculation is to perform a
convergence test for the k-point sampling in reciprocal space. An appropriately dense k-point
mesh ensures accurate integration over the Brillouin zone and reliable total energy calculations.
Fig. 3.3 illustrates the variation of the total energy (in Ry) as a function of the k-point grid
density. As shown, the total energy stabilizes with a k-point mesh of 7 x 7 x 1, indicating that
this grid is sufficient to ensure convergence for subsequent simulations.
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Fig. 3.3: Total energy (Ry) as a function of the in-plane k-point grid size N for an N x N x 1
Monkhorst-Pack mesh. The convergence test shows that a 7 x 7 x 1 grid (49 k-points before

symmetry reduction) provides sufficient accuracy, as further increases in k-point sampling re-
sult in negligible changes in total energy.

Our DFT results confirm that the FCC structure represents the most stable configuration for
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bulk platinum, with a converged lattice constant of 7.251 Bohr (equivalent to 3.837 A), as illus-
trated in Fig. 3.4. This optimized lattice parameter was then used to construct the Pt(111) sur-
face slab, which serves as the starting point for simulating interfacial systems such as Pt/Nafion
in PEMFCs.

Convergence of lattice constant
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Fig. 3.4: Total energy (Ry) as a function of lattice parameter (Bohr) for the FCC structure of
platinum. The minimum energy corresponds to the optimized equilibrium lattice constant.

To validate the reliability of the optimized lattice parameter and the chosen pseudopoten-
tial, we analyzed the electronic band structure together with the corresponding total density of
states (DOS), verifying the consistency between band dispersions and DOS features near the
Fermi level. As shown in Fig. 3.5 (a), the band structure obtained using the converged com-
putational parameters exhibits good agreement with reference data [Fig. 3.5 (b)] reported by
the Materials Project database [224]. This alignment confirms the accuracy of our structural
optimization and the suitability of the selected pseudopotential for simulating the electronic
properties of platinum.
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Fig. 3.5: Comparison of the calculated electronic band structure and total density of states
(DOS) for Pt using the converged lattice parameter and pseudopotential. The results are vali-
dated by aligning them with reference results from Materials Project [224].
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Building on this framework, first-principles methods are employed here to investigate the
intrinsic properties of materials without empirical input. These computational approaches in-
volve constructing an atomic-scale model of the material and solving the many-body electronic
problem, typically within the framework of DFT, to evaluate its structural, electronic, and en-
ergetic characteristics.

In this work, a slab model of the Pt(111) surface was constructed to simulate the platinum
electrode in a PEMFC. Surface simulations were performed using the supercell method, which
is well-suited for modeling periodic surfaces. In this approach, the slab is considered infinite
and periodic in the directions parallel to the surface and finite in the direction perpendicular
to it. This setup includes a vacuum region on top of the slab to prevent artificial interactions
between periodic images along the non-periodic axis.

A four-layer Pt(111) slab was generated with supercell dimensions of 14.10 Ax 10.85 A x
26.64 A, consisting of 96 platinum atoms. To accurately represent the semi-infinite nature of the
bulk and to allow surface relaxation, the bottom two layers of the slab were kept fixed during
structural optimization, while the top layers were fully relaxed. The supercell model not only
allows for the investigation of surface electronic properties with accurate band dispersion but
also provides a reliable framework for simulating realistic electrode surfaces in catalytic and
electrochemical systems. A schematic representation of the slab and vacuum configuration is
shown in Fig. 3.6, where the surface layer is highlighted in yellow.

Vacuum

Supercell

Surface

Slab

Fig. 3.6: Schematic representation of the Pt(111) supercell model used for surface simulations.
The slab consists of four atomic layers of platinum, with the bottom two layers fixed to mimic
bulk behavior and the top layers relaxed to capture surface effects. A vacuum region (20 A)
is added above and below the slab to eliminate spurious interactions between periodic images
along the surface normal direction. The surface layer is highlighted in yellow.

The (111) surface of platinum, characterized by a hexagonal close-packed (hcp) arrange-
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ment, is known to be the most stable and catalytically active surface facet under typical fuel
cell operating conditions. Despite being the lowest energy termination for FCC structure, the
Pt(111) surface experiences subtle atomic-level inward relaxation due to tensile stress [228],
which can slightly favor the adsorption of additional species. This model provides a reliable
platform for simulating surface reactions and interfacial interactions relevant to electrochemi-
cal energy conversion devices.

3.1.2 Structural and Chemical Description of Hydrated Nafion

Nafion, a perfluorosulfonic acid (PFSA) ionomer, is the most widely used proton-exchange
membrane in PEMFCs due to its exceptional proton conductivity and chemical stability. Its
structure consists of a hydrophobic polytetrafluoroethylene (PTFE)-like backbone with hy-
drophilic sulfonic acid (—SO3H) side chains. When hydrated, these side chains dissociate,
releasing protons (H") and forming interconnected hydrophilic nanochannels that facilitate
proton transport. This unique microstructure enables Nafion to achieve high proton conduc-
tivity (0.1—1 S.cm ™! under fully hydrated conditions at ~ 80 °C), making it indispensable for
efficient PEMFC operation [229].

In PEMFCs, Nafion serves three critical roles:

(1) as an electrolyte, enabling proton conduction from the anode to the cathode;

(ii) as a gas separator, preventing crossover of reactant gases (H, and O,); and

(iif) as an ionomeric binder in catalyst layers, extending the three-phase boundary where elec-
trochemical reactions occur. However, Nafion’s performance is highly dependent on hydra-
tion. At low humidity or elevated temperatures (> 90 °C), its conductivity drops sharply due
to membrane dehydration, limiting operational flexibility. Additionally, chemical degradation
via reactive oxygen species (e.g., ®*OH radicals) can lead to membrane thinning and pinhole
formation over time, reducing durability [230].

Despite these challenges, Nafion remains the benchmark PEM material due to its balance
of conductivity and mechanical robustness. Recent research focuses on mitigating its limi-
tations through modified PFSA membranes (e.g., 3M’s Aquivion with shorter side chains),
hydrocarbon-based alternatives, and composite membranes incorporating inorganic additives
for enhanced water retention [231]. For high-temperature PEMFCs (> 120 °C), acid-doped
polymers like polybenzimidazole (PBI) are being explored, though they face trade-offs in me-
chanical strength and longevity. Understanding Nafion’s structure-property relationships is
crucial for advancing next-generation membranes that combine high performance, durability,
and cost-effectiveness for sustainable energy applications [232,233].

« Nafion Structure and Its Role in PEMFCs

As shown in Fig. 3.7, Nafion comprises a PTFE backbone with grafted hydrophilic side
chains. These side chains terminate in sulfonic acid groups (-SOsH), which are critical to
Nafion’s unique transport properties and chemical functionality. This amphiphilic nature-
comprising both hydrophobic and hydrophilic segments-makes Nafion highly suitable for pro-
ton exchange membrane fuel cells (PEMFCs).

A defining characteristic of Nafion in PEMFC applications is its excellent proton conductiv-
ity. The sulfonic acid (-SO3H) groups form hydrophilic domains that attract and retain water,
generating microscopic aqueous channels within the membrane. These water-rich regions fa-
cilitate proton conduction across the membrane. Chemically, Nafion features two contrasting
domains: a hydrophobic fluorocarbon matrix that provides mechanical stability and resists wa-
ter uptake, and a hydrophilic network formed by the sulfonate groups, which interact strongly
with water molecules. The hydrophobic PTFE backbone prevents excessive swelling and dis-
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solution in humid environments, preserving the structural integrity of the membrane and the
catalyst layers. Conversely, the hydrophilic sulfonate groups ensure high proton mobility by
forming hydrated clusters and pathways for proton hopping. The dual character of Nafion has
been the focus of extensive research since the 1970s, particularly regarding its morphological
behavior under varying operating conditions [234,235].
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Fig. 3.7: (a) Chemical structure of Nafion showing the PTFE-like perfluorinated backbone with
sulfonated side chains, and (b) Schematic representation of the physical structure of Nafion.

The sulfonic acid groups, especially those near the platinum catalyst surface, not only fa-
cilitate proton conduction but also stabilize the catalyst by attracting water and protons. This
interaction reduces the risk of catalyst degradation and deactivation. As a result, the Nafion
membrane plays a dual role: enabling selective proton transport while shielding the catalyst
from adverse chemical conditions. Such functionality is key to achieving high durability and
efficiency in PEMFCs.

+ Degraded Nafion

In proton exchange membrane fuel cells (PEMFCs), the formation of highly reactive radical
species-particularly hydrogen radicals (He) and hydroxyl radicals (OHe), plays a crucial role
in the chemical degradation of the membrane, especially Nafion. These radicals are mainly
produced as a consequence of undesired side reactions occurring at both the anode and cathode
sides of the membrane-electrode assembly, where the hydrogen oxidation reaction (HOR) and
oxygen reduction reaction (ORR) take place. Once generated, these short-lived but extremely
reactive radicals can attack the Nafion polymer, targeting specific bonds such as C-S, C-O, and
C-F [236,237]. Such radical-induced reactions lead to chain scission, side-chain detachment,
and fluorine ion release, which together initiate and accelerate the overall degradation of the
membrane [238-240].

Nafion’s C-F bonds are particularly vulnerable to cleavage by radical species. For example,
previous studies have reported degradation mechanisms in which a hydrogen radical abstracts
a fluorine atom from a backbone carbon, resulting in the formation of hydrogen fluoride (HF)
and a carbon-centered radical. In an alternative pathway, the attack of H,O, or OHe may
first oxidize a carbon atom (either in the side chain or backbone) to form a secondary alcohol.
This intermediate can subsequently undergo a concerted reaction to eliminate HF and form an
acyl fluoride group. In both cases, HF is released, effectively removing one fluorine atom, and
a defluorinated site remains along the polymer chain [241-243]. Experimental investigations
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have indeed confirmed the release of HF, providing direct evidence of fluorine loss in real
Nafion-based membranes [244-246].
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Fig. 3.8: (a) Molecular structure of pristine Nafion, composed of a perfluorinated PTFE back-
bone with side chains terminated by sulfonic acid groups (-SO3H). The highlighted C-F bond
indicates the most favorable site for hydrogen radical (He) attack. (b) Structural representa-
tion of Nafion after radical-induced degradation, showing defluorination at the attack site and
disruption of the polymer backbone. In section (b): Yellow: sulfur atom; Silver: fluorine atom;
Red: oxygen atom; Brown: carbon atom; Light-pink: hydrogen atom.

These degradation reactions not only release HF but also alter the chemical structure and
properties of Nafion. For instance, the loss of a single fluorine atom through such a mechanism
reduces the fluorine count of the affected repeat unit from 17 (as in pristine Nafion, shown
in Fig. 3.8 (a)) to 16 (as in degraded Nafion, shown in Fig. 3.8 (b)). Density functional theory
(DFT) calculations confirm that these HF-releasing pathways are energetically favorable, and
experimental observations consistently identify HF among the decomposition products of aged
membranes [247,248]. Most computational studies have traditionally employed the idealized
pristine Nafion model containing 17 fluorine atoms. However, to assess the impact of chemical
degradation on Nafion’s properties, it is important to also consider a 16-fluorine model, rep-
resentative of defluorinated structures formed through radical-induced degradation processes,
as suggested in [241,249].

“ Importance of Hydration Level in Nafion Functionality

The proton conductivity of Nafion is highly dependent on its level of hydration. The num-
ber of water molecules available in the membrane directly affects the ability of the -SO3H
groups to transport protons [250]. The hydration level, often denoted by the parameter A,
is defined as the ratio of the number of water molecules (11,,) to the number of sulfonate groups
(ng), i.e.,, A = ny/ns. This ratio is critical in dictating the mechanism of proton conduction
within the membrane.

Depending on the hydration state, two primary mechanisms govern proton transport in
Nafion. At high humidity, the Grotthuss mechanism dominates [251]. In this mode, protons
are transferred via a relay-like movement along hydrogen-bonded water molecules, as shown
in Fig. 3.9. This structural diffusion allows for rapid and efficient proton hopping through a
dynamically rearranging hydrogen-bond network, rather than the movement of discrete hy-
drated ions. The process involves the continuous breaking and reformation of hydrogen bonds
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between water molecules, providing an effective pathway for long-range proton conduction.

At lower humidity levels, however, the vehicular mechanism becomes predominant [252].
In this regime, protons are transported as part of hydrated complexes, such as H;O", which mi-
grate through the membrane under the influence of electrostatic interactions with the sulfonic
acid groups [Fig. 3.9]. This transport is generally slower and less efficient than the Grotthuss
mechanism due to the physical movement of charged species.
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Fig. 3.9: Schematic representation of proton transport within two different mechanisms: Grot-
thuss mechanism, where protons are transferred through a hydrogen-bonded water network
via successive bond rearrangements (proton hopping); and Vehicular mechanism, in which
protons move along with water molecules.

These processes have been substantiated through both experimental and theoretical stud-
ies [253-255]. Under dry conditions, however, the lack of an extended hydrogen-bond network
restricts such hopping, shifting the balance toward surface-based vehicular transport [256].

< Role of Nafion Orientation and Interfacial Structure

Beyond hydration, the nanoscale orientation and topological distribution of Nafion’s do-
mains within the membrane and at the electrode interfaces have a significant impact on PEMFC
performance [257]. The spatial alignment of the sulfonate-rich regions toward the electrode
surface is essential for efficient proton transfer. Improper orientation can impede proton acces-
sibility and reduce electrochemical performance.

Despite extensive investigation, a full understanding of the Nafion-electrode interfacial
structure remains incomplete [258-260]. This interface is where critical transport phenom-
ena occur, such as proton delivery to the catalyst sites and water management. Due to the
nanoscale dimensions and dynamic nature of this region, the interfacial structure and chemical
environment are difficult to probe using conventional characterization techniques. Interfacial
properties, such as domain arrangement, hydration level, and molecular orientation, collec-
tively govern both proton transport efficiency and catalyst utilization. The interaction between
Nafion’s sulfonic acid groups and the Pt electrode surface plays a pivotal role in sustaining
catalytic activity and minimizing degradation, thus directly impacting the fuel cell’s long-term
stability and power output.
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3.1.3 Atomistic Modeling of the Pt(111)-Nafion Interface

To investigate the structural and functional characteristics of the catalyst-ionomer interface
in PEMFCs, a series of simplified interface models was constructed. These models consist
of Pt(111) surfaces representing the electrode, hydrated Nafion monomers, and explicit water
molecules. The goal of this study is to elucidate how the interfacial arrangement influences
proton transport and electrochemical performance.

Given the critical role of hydration in proton conductivity, different water content levels
were systematically introduced to the model systems. The hydration level not only affects pro-
ton transport mechanisms but also modifies the structural orientation and interaction strength
between Nafion’s sulfonate groups and the platinum surface. The preferential orientation of
Nafion near the Pt surface, particularly the positioning of its sulfonic acid groups (-SOsH),
determines the formation of water networks and the local electrostatic environment at the in-
terface.

Furthermore, the configuration of water molecules adsorbed on Pt(111) was carefully con-
sidered. DFT studies have shown that water molecules tend to adsorb at the atop sites of the Pt
surface, adopting a near-planar geometry relative to the metal plane. The optimal distance be-
tween the oxygen atoms of water and the Pt surface is approximately 2.21 A, which promotes
stable interaction without dissociation under mild conditions [261-263].
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Fig. 3.10: Initial atomistic model of the Pt(111)-Nafion interface under hydrated conditions.
The simulation cell includes a four-layer Pt(111) slab (bottom), hydrated Nafion monomers,
and adsorbed water molecules. Water is distributed near the interface to represent different
hydration levels. Nafion’s sulfonic acid groups (-SOsH) are oriented toward the platinum
surface, allowing for interfacial interaction analysis.
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Fig. 3.10 illustrates the initial configuration of the Pt(111)-Nafion interface model employed
in our simulations, showcasing the interaction among Pt layers, Nafion monomers, and water
molecules under controlled hydration levels. The system is designed to investigate proton
behavior and interfacial structure as a function of hydration and molecular orientation. The
atomic composition of the simulated Pt(111)-Nafion interface is summarized in Table 3.1.

Table 3.1: Atomic Composition of the Studied Pt(111)-Nafion Interface System (low-hydration
level A = 3).

Atom types Pt S F o C H Total

No. of atoms 96 1 17 8 8 7 137

In this section, we presented the initial model of the Pt(111)-Nafion interface, which serves
as the foundational system for investigating the interfacial interactions relevant to PEMFCs.
While this section focuses on the structural setup of the simplified system, a more comprehen-
sive investigation is carried out in the results chapter. There, we progressively build upon this
initial configuration by introducing additional complexity in a stepwise manner: first analyz-
ing the bare Pt-Nafion interface, then including adsorbed hydrogen species, and finally adding
water molecules to simulate various hydration levels. This gradual approach allows us to cap-
ture the evolution of interfacial properties and proton transport mechanisms, moving from an
idealized model to a more realistic representation of operating PEMFC conditions.

In addition to the pristine Nafion model, we also constructed a degraded Nafion structure
based on experimentally and theoretically reported fluorine-loss mechanisms, as discussed in
the previous section. This degraded model reflects the removal of a fluorine atom from the
polymer chain, resulting in a modified local chemical environment at the interface. Both the
pristine and degraded Nafion configurations were adsorbed on the Pt(111) surface to examine
how degradation affects interfacial binding, charge distribution, and proton behavior charac-
teristics. The results for the pristine Nafion-Pt(111) system are presented first to establish a
baseline for comparison, followed by a detailed analysis of the degraded Nafion-Pt(111) struc-
ture to highlight the effects of chemical deterioration on the interfacial behavior.

3.2 Modeling of LIB Electrode-Binder Interfaces

As discussed in Sec. 1.2.2, among energy storage technologies, lithium-ion batteries (LIBs)
have emerged as the dominant solution due to their superior energy density (250—300 Wh.kg 1),
long cycle life (1000—2000 cycles), and relatively low self-discharge rate (< 5% /month) com-
pared to alternatives like lead-acid (30—50 Wh.kg 1) or nickel-metal hydride (NiMH, 60—120
Wh.kg 1) batteries [72]. Their lightweight design and scalability make them indispensable for
applications ranging from portable electronics to electric vehicles (EVs) and grid storage. LIBs
outperform competitors in charge/discharge efficiency (90—95%, versus 70—80% for NiMH),
enabling faster energy delivery and recovery [264]. However, challenges such as thermal in-
stability, degradation at high voltages, volume expansion, and reliance on critical materials
(e.g., cobalt) persist [265]. Computational modeling of LIBs addresses these limitations by op-
timizing electrode architectures, electrolyte compositions, and thermal management systems,
positioning LIBs as a cornerstone for renewable energy integration and decarbonization ef-
forts [266-268].

Building on the technological promise of LIBs, significant research has focused on simu-
lating, modeling, and developing next-generation electrode materials to further enhance their
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performance. Among these, silicon (Si) has attracted substantial attention as a potential anode
material due to its exceptionally high theoretical specific capacity (~ 3579 mAh.g~!), which
is nearly ten times higher than that of conventional graphite anodes. However, despite this
appealing capacity, the practical implementation of Si-based anodes faces critical challenges,
including;:

() low intrinsic electrical conductivity,

(if) drastic volume expansion exceeding 300% during lithiation, and

(iii) the formation of an unstable solid-electrolyte interphase (SEI) during repeated cycling.
These issues collectively result in rapid capacity fading and limited cycle life.

To address these obstacles, one key strategy involves precise control of interfacial surface phe-
nomena at the anode. Surface modification techniques-particularly the use of engineered binder
materials, have shown great promise in mitigating Si anode degradation. Binders play a critical
role not only in maintaining the mechanical integrity of the electrode by holding active mate-
rials together but also in buffering volume changes and stabilizing the SEI layer. The choice of
binder profoundly affects the electrode’s mechanical resilience, electrochemical stability, and
interfacial adhesion properties. Polyvinylidene fluoride (PVDF) remains the binder of choice
in commercial LIBs due to its favorable chemical stability and compatibility with standard
electrolytes. The selection, optimization, structural configuration, and functional properties
of polymeric binders such as PVDF represent crucial aspects in the design and development
of high-performance Si anodes. These binders not only determine the mechanical cohesion
of the electrode but also influence key interfacial phenomena, such as lithium-ion transport,
electrolyte compatibility, and the formation and stability of the SEI. Therefore, computational
study, simulation, and engineering of binder materials are essential to accommodate the sig-
nificant volume changes of Si during cycling, enhance electrode durability, and improve the
overall electrochemical performance of LIBs.

The chemical stability and interfacial reactivity of various polymeric binders, particularly
PVDF on both pristine Si and lithiated silicon (Li-Si) surfaces, have been widely investigated
through experimental and theoretical approaches [268-270]. Experimental efforts have also
examined the influence of silicon suboxide (SiOy) layers and SiOy-coated silicon anodes on
lithium storage performance, along with the interactions between commercial binders and
these oxidized surfaces [271-275]. However, these studies predominantly focus on macroscopic
performance indicators, offering limited insight into the atomic-scale mechanisms that govern
binder surface interactions and interfacial stability. Notably, despite the extensive examina-
tion of pristine and lithiated Si surfaces, theoretical studies addressing PVDF interactions with
oxidized silicon interfaces remain scarce-this is a significant gap, as surface oxidation plays a
critical role in dictating interfacial chemistry, especially under realistic battery operating con-
ditions.

To address this deficiency, the present study employs DFT to deliver a detailed theoretical
analysis of PVDF reactivity and binding behavior on oxidized Si surfaces. While PVDF has
historically been considered suboptimal for silicon-based anodes due to poor adhesion and
limited compatibility, recent findings suggest that surface engineering strategies can mitigate
these drawbacks [149]. Building on this insight, our work seeks to advance the understanding
of PVDEF-Si interactions by exploring how variations in oxygen surface coverage, PVDF phase,
and chain orientation influence interfacial energetics, charge transfer, and binding stability. By
systematically examining these factors, this study uncovers how surface passivation, polariza-
tion effects, and dipole interactions govern the stability of the binder-electrode interface. These
findings offer valuable guidance for the rational design of Si-based anodes with enhanced per-
formance, contributing to the next generation of high-capacity, long-life LIBs.
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Fig. 3.11 presents a schematic representation of a typical LIB, highlighting the roles of the
key components. In the context of this study, the anode is composed of Si (will be discussed
in Sec. 3.2.1), which is separated from the cathode-commonly a lithium metal oxide such as
lithium cobalt oxide (LiCoO,)-by a liquid electrolyte that also contains the polymeric binder,
PVDF (Sec. 3.2.2).

This work focuses on examining the effects of oxygen content at the Si-PVDF interface, as
shown in Fig. 3.11, and explores how different crystalline phases of PVDF (namely, « and p) in-
fluence the interfacial structure and binding behavior. Comparisons are made against pristine
silicon surfaces to evaluate the role of surface oxidation. To elucidate the underlying interac-
tion mechanisms, electronic structure analyses are employed to assess charge redistribution,
binding energetics, and interfacial electronic properties, offering insight into the fundamental
processes that govern the stability and functionality of Si-based anodes.

LiCoO, as cathode SiO, as anode
1

o

5
/\la

- - .
TS .
./ - =’

=

a & B-PVdF as binder -===1I Interfacial processes

Fig. 3.11: Schematic representation of a typical LIB architecture, highlighting the anode (Si),
cathode (commonly LiCoO,), and the liquid electrolyte containing PVDF binder. This study
focuses on the Si-PVDF interface, analyzing the effects of surface oxidation and binder phase
on interfacial stability and electronic behavior.

3.2.1 Preparation and Convergence Assessment of the Si(110) Surface

Silicon (Si), with atomic number 14, and electron configuration [Ne]3s?3p?, a Group IV
semiconductor with a diamond cubic crystal structure (space group Fd3m), exhibits a tetra-
hedral atomic arrangement where each Si atom forms four covalent bonds with neighboring
atoms at 2.35 A spacing. This stable lattice allows Si to theoretically accommodate lithium
Li via alloying reactions (e.g., Si + xLi" + xe~ <> Li,Si, where x < 4.4), enabling an excep-
tional theoretical capacity of ~4200 mAh.g!-tenfold higher than graphite (372 mAh.g 1) [276].
However, the ~300 % volume expansion during lithiation induces mechanical fracture and SEI
instability, limiting cycle life [277]. In LIBs, Si anodes are often hybridized with graphene or
conductive polymers, achieving practical capacities of 1500—2000 mAh.g~! while improving
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durability. These advancements position Si as a transformative material for next-generation
high-energy-density batteries, particularly in electric vehicles and portable electronics.

In this study, we selected the Si(110) surface orientation to model the interface between
silicon and polymeric binders (PVDF), including its suboxide form. This choice is motivated
by several advantageous properties of the Si(110) surface compared to other orientations like
Si(100) and Si(111). Firstly, the Si(110) surface exhibits a higher atomic planar density, which
facilitates more robust interfacial interactions. This higher density can lead to stronger bonding
with binder molecules, enhancing the stability of the interface. Secondly, the Si(110) orienta-
tion demonstrates superior mechanical properties. These characteristics are crucial for main-
taining structural integrity during the charge-discharge cycles of LIBs. Additionally, the Si(110)
surface has been shown to form thinner amorphous layers when interfaced with amorphous
silicon, indicating a more stable and less reactive interface. This stability is beneficial for re-
ducing unwanted side reactions that can degrade battery performance [278-282]. Considering
these factors, the Si(110) orientation provides a promising platform for investigating the inter-
facial behavior of Si anodes with polymeric binders, aiming to enhance the performance and
longevity of LIBs.
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Fig. 3.12: Schematic representation of the Si(110) supercell model used for surface simulations.
The slab consists of 120 silicon atoms with the bottom surface fully passivated by 24 hydrogen
atoms to eliminate dangling bonds. A vacuum region (18 A) is included to prevent interactions
between periodic images. The surface layer is highlighted in yellow.

As with the Pt(111) slab, convergence tests were performed for the Si(110) surface to en-
sure accurate and reliable calculations. The total energy per atom was found to converge at a
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plane-wave kinetic energy cutoff (ecutwfc ) of 65 Ry (= 880 eV). The Brillouin zone was sam-
pled using a Monkhorst-Pack grid of 7 x 7 x 1, which was sufficient to achieve convergence
of the electronic properties. A supercell approach was employed to model the surface, which
enables detailed analysis of surface electronic states with accurate band dispersion and facili-
tates realistic simulations of electrode surfaces in catalytic and electrochemical environments.
The constructed Si(110) slab consists of 120 silicon atoms; the two bottom layers of the silicon
slabs are constrained during structural optimization, and the bottom layer is passivated by 24
hydrogen atoms to eliminate dangling bonds. The van der Waals (vdW) interaction was incor-
porated via the vdW-DFT module ((vdw_corr = 'DFT-D' ) [186]. A vacuum layer was included
to avoid interactions between periodic images. As shown in Fig. 3.12, the final dimensions of
the simulation cell are 15.36 Ax 16.29 Ax 28.68 A.

3.2.2 Structural Characteristics of PVDF Phases

As previously discussed in Sec. 1.2.2.7, polyvinylidene fluoride (PVDF) is the most widely
adopted binder in commercial LIBs, used in both anode and cathode formulations. Its widespread
use stems from its excellent electrochemical stability, strong adhesion to active materials, and
compatibility with standard electrolytes. In LIBs, PVDF functions as a cohesive matrix that
binds active material particles together and anchors them to the current collector, thereby main-
taining electrode integrity during repeated charge-discharge cycles and preventing huge vol-
ume expansion.

PVDF is a semi-crystalline polymer known for its multiple polymorphic phases, each char-
acterized by distinct molecular conformations and properties. The most common phases of
PVDF include the « (alpha), B (beta), ¥ (gamma), § (delta), and € (epsilon) phases. Among
these, the a-phase is the most thermodynamically stable and typically forms under standard
crystallization conditions. It adopts a “TGTG” (trans-gauche-trans-gauche) chain conforma-
tion, resulting in a non-polar crystal structure. In contrast, the B-phase, which exhibits an
all-trans (“TTTT”) zigzag conformation, is highly polar and demonstrates the strongest piezo-
electric, ferroelectric, and pyroelectric properties, making it the most desirable phase for elec-
trochemical and energy applications. The 7-phase features a “3GT3G” chain conformation,
possessing intermediate polarity and crystallinity between « and B. Less commonly, the 6- and
e-phases are metastable and can be obtained through mechanical stretching, high electric fields,
or copolymerization techniques. The interconversion between these phases can be induced via
mechanical stretching, annealing, or electrospinning, with specific processing conditions fa-
voring one phase over another. The structural differences among these polymorphs critically
influence PVDF’s dielectric, electrochemical, and mechanical properties, thereby impacting its
effectiveness as a binder in LIBs, where interfacial stability and ionic conductivity are essen-
tial. Fig. 3.13 illustrates the molecular chain conformations and crystallographic structures of
the major polymorphic phases of PVDF, highlighting their structural differences and relative
polarity.
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Fig. 3.13: Schematic representation of the main crystalline phases of the polyvinylidene fluoride
(PVDF): a-phase, B-phase, and y-phase. The conformational differences between these phases
significantly influence PVDF’s electrochemical, mechanical, and dielectric properties, which
are critical in applications such as LIBs.

In this study, we focus on two representative crystalline phases of PVDEF: the non-polar
a-phase and the highly polar B-phase. The fully optimized atomic structures of these two
phases are presented in Fig. 3.14, panels (a) and (d), respectively. Panels (b) and (e) show the
corresponding side views projected onto the z — y plane, which help visualize the polymer
chain alignment relative to the surface. To explore the interfacial interactions with the Si(110)
surface, we considered two monomer orientations for each phase: one with the hydrogen-
terminated side facing the positive z-direction, and the other with the fluorine-terminated side

facing the negative z-direction, as illustrated in panels (c) and (f).
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Fig. 3.14: Optimized atomic structures of the « and B phases of PVDFE. Panels (a) and (d)
show the front views of the a-phase and B-phase, respectively. Panels (b) and (e) display
the corresponding side views projected along the z — y plane. Panels (c) and (f) illustrate the
monomer configurations used in this study, highlighting two orientations relative to the Si sur-
face: one with the hydrogen-terminated side facing the positive z-direction and the other with
the fluorine-terminated side facing the negative z-direction. Blue: silicon atom; Light-pink: hy-
drogen atom; Gray: fluorine atom; Brown: carbon atom.
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Structurally, both phases share a carbon-based backbone but differ in chain conformation
and molecular composition. As shown in Fig. 3.14, the a-phase consists of 9 carbon atoms per
polymer chain, whereas the B-phase contains 7. These structural differences influence their
dipole moments and binding characteristics, making them suitable candidates for comparative
interfacial studies. The detailed atomic compositions and structural parameters for both PVDF
phases are summarized in Table 3.2.

Table 3.2: Number of atoms in « and  phases of PVDF and length of each chain.

Phase Carbon Fluorine Hydrogen Total Length (A)
« 9 8 12 29 10.40
B 7 6 10 23 9.44

3.2.3 Atomistic Modeling of the Si(110)-PVDF Interface

Extensive research on silicon-based anodes has highlighted the promising potential of silicon
suboxides (SiOy), primarily due to their substantially reduced volumetric expansion and con-
traction compared to pure crystalline silicon. This reduced dimensional change plays a critical
role in mitigating detrimental side reactions and contributes to enhanced long-term electro-
chemical cycling stability of the anode materials [283-285]. Given that silicon-based electrodes
are typically synthesized and processed under oxygen-rich ambient conditions [286], they are
particularly prone to surface oxidation. Consequently, understanding the formation and be-
havior of silicon suboxides is essential for unraveling interfacial phenomena at the electrode-
binder interface.

Surface oxygen content on silicon significantly influences multiple performance-related fac-
tors, including the suppression of volume-induced mechanical stress, improved adhesion and
adsorption behavior of binder materials, and modulation of the system’s electronic charge dis-
tribution. In particular, partially oxidized silicon nanostructures offer distinct advantages for
LIB anodes. Their amorphous nature enables faster lithium diffusion, while oxygen-functional
groups serve to alleviate mechanical degradation and prevent particle agglomeration. Fur-
thermore, controlled oxygen incorporation during the deposition of silicon nanoparticles can
promote the formation of lithium silicates and oxides, which are known to enhance structural
robustness and improve lithium retention capabilities [287].

To optimize the performance of SiOy-based anodes, several strategies have been proposed
[288]. These include employing thin film deposition techniques to introduce controlled SiOy
surface coatings, incorporating conductive additives such as TEMPO-oxidized cellulose nanofibers,
and fine-tuning synthesis parameters to modulate the oxidation degree. Through the strategic
integration of these methods, substantial improvements can be realized in terms of electro-
chemical performance, cycling durability, and overall battery longevity [289,290].

The stability and interfacial reactivity of various binder materials, including PVDF on pris-
tine Si and Li-Si surfaces, have been extensively investigated through both experimental and
theoretical approaches [268-270]. Experimental studies have particularly examined the role
of silicon suboxide (SiOy) layers and SiOy-coated silicon anodes in enhancing lithium storage
performance, along with the interactions between commercial binders and these modified sur-
faces [271-275]. However, these investigations have predominantly focused on macroscopic
electrochemical outcomes, often overlooking the atomic-scale mechanisms that govern binder
reactivity, adhesion, and interfacial stability.

Although considerable theoretical attention has been given to pristine and lithiated silicon
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surfaces, there remains a notable lack of studies addressing PVDF interactions with oxidized
silicon surfaces. This oversight is particularly significant, as surface oxidation is known to crit-
ically influence interfacial characteristics under realistic operating conditions. Understanding
the binding mechanisms on oxidized surfaces is therefore essential for the rational design of
high-performance silicon-based anodes.

To fill this gap, the present study offers a detailed theoretical investigation of the reactivity
and binding behavior of PVDF binders on oxidized silicon surfaces, employing DFT as the pri-
mary computational framework. While PVDF has traditionally been considered incompatible
with silicon-based anodes due to poor adhesion and mechanical instability, emerging research
indicates that strategic surface engineering of silicon can mitigate these issues and unlock the
potential of PVDF for high-performance anode applications [149].

To explore the interfacial interactions between PVDF and SiOy surfaces, a series of atom-
istic models was designed in which PVDF chains were positioned atop SiOx substrates with
varying orientations and oxidation states, as illustrated in Fig. 3.14 (panels (c) and (f)). Given
the inherent polarity asymmetry of PVDF-comprising a fluorine-rich side and a relatively hy-
drogen side-distinct interactions are anticipated depending on which face is in contact with the
substrate. For both the « and p crystalline phases of PVDF, two molecular orientations were
modeled: (i) fluorine-side facing the surface and (i7) hydrogen-side facing the surface. Each of
these orientations was further investigated along three distinct alignments relative to the sub-
strate: parallel to the x-axis, parallel to the y-axis, and diagonally along the x — y plane. All
configurations underwent full structural optimization, and those with the lowest total energy
were selected as the most stable interfacial models. This systematic approach enables a com-
prehensive evaluation of the adsorption behavior and preferred binding orientations of PVDF
on oxidized silicon.

The SiOy surfaces used in this study were modeled in three oxidation states: (i) pristine
(oxygen-free), (ii) partially oxidized (with four oxygen atoms), and (iii) fully oxidized (with
fourteen oxygen atoms). Based on prior literature, oxygen adsorption on silicon surfaces oc-
curs via dissociative mechanisms, leading to the displacement of surface silicon atoms and the
formation of bridge-bonded Si-O-Si linkages at dimer sites [291-293]. Accordingly, oxygen
atoms were adsorbed at bridge sites between neighboring surface silicon atoms to accurately
represent realistic oxidation states and their influence on PVDF adhesion and interfacial stabil-
ity.

Fig. 3.15 illustrates the initial configurations of (a) a-phase and (b) B-phase of PVDF, where
both polymer phases are oriented with their fluorine-terminated side facing the partially ox-
idized silicon surface. Further structural optimizations, interfacial interactions between the
binder and the substrate, and a detailed analysis of their binding mechanisms will be system-
atically discussed in the chapter 5.
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Fig. 3.15: The initially structures of (a) « and (b) B-phase of PVDE, oriented with the fluorine
side toward a partially oxidized Si surface.
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“There are two possible outcomes:
If the result confirms the hypothesis, then you’ve made a measurement,
If the result is contrary to the hypothesis, then you’ve made a discovery.”

— Enrico Fermi —
Nobel Prize Laureate in Physics — 1938

4. Atomistic Analysis of the Pt/Nafion In-
terface in PEMFCs

This chapter analyzes the structural and electronic behavior of the hydrated Nafion/Pt(111)
interface in PEMFCs, examining three interfacial configurations under different hydration lev-
els to understand proton transfer, charge redistribution, polymer stability, and water-mediated
interactions. The chapter concludes by comparing pristine and degraded Nafion to evaluate
the impact of polymer integrity on fuel-cell performance.

% Chapter Outline

¢ Nafion Interaction with the Pt+H Surface (Sec. 4.1)

o Config. 1: Nafion is positioned on the Pt+H surface with its -SO3H group.
o Config. 2: Nafion is positioned on the Pt+H surface with its -CF3 group.
o Config. 3: Nafion is positioned on the Pt+H surface with its hydrophobic backbone.

* Nafion Interaction with the Hydrated Pt Surface (Pt+H;O) (Sec. 4.2)

o Config. 1: Nafion is positioned on the Pt+H,O surface from its hydrophilic side at an
initial distance of 2.8 A.

o Config. 2: Nafion is positioned on the Pt+H,0 surface with a larger initial separation
to investigate how the increased distance influences its interaction with the interface.

o Config. 3: Nafion is positioned on the Pt+H,O surface with its -CF3; group facing the
interface.

¢ Pristine Nafion (Sec. 4.3)

o The first configuration is re-examined using pristine Nafion to compare its interfacial
behavior with that of the degraded Nafion.

¢ Discussion (Sec. 4.4)

o A comparison of all configurations is presented to clarify how hydration and Nafion
integrity affect interfacial stability, charge transfer, and proton-transport mechanisms.
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4.1 Nafion on the Hydrogen-Covered Pt Surface (Pt+H)

The interaction between hydrogen atoms and transition-metal surfaces has been extensively
studied due to its fundamental and technological importance in various fields, including hy-
drogen storage, fuel cell catalysis, hydrogen embrittlement of materials, and corrosion control.
In particular, platinum has been the subject of numerous experimental [294-296] and theoret-
ical [297-299] investigations, as it plays a crucial role in electrocatalytic processes such as the
hydrogen evolution and oxidation reactions.

On the Pt(111) surface, the adsorption of a hydrogen atom can occur at four distinct sites,
as shown in Fig. 4.1, characterized by different metal coordination environments: (a) atop site
(onefold coordination), (b) bridge site (twofold coordination), (c) fcc hollow site (threefold co-
ordination, above a third-layer Pt atom), and (d) hcp hollow site (threefold coordination, above
a second-layer Pt atom). The fcc and hcp hollow sites differ only in the stacking of the under-
lying metal layers in the fcc lattice, yet this subtle structural variation often leads to small but
measurable differences in adsorption energy and vibrational properties.
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Fig. 4.1: Different adsorption sites of a hydrogen atom on the Pt(111) surface: (a) atop, (b)
bridge, (c) fcc hollow, and (d) hcp hollow. The colored sphere represents the hydrogen atom,
and gray spheres denote Pt atoms. In the fcc hollow site, there is no Pt atom directly beneath
the adsorption site in the second layer, whereas in the hcp hollow site, a Pt atom is located
directly below the adsorbed H atom.

Among these, the threefold fcc hollow site is generally recognized as the most energetically
favorable position for hydrogen adsorption at low coverage, as confirmed by numerous first-
principles studies. The energy differences between the fcc, hep, and atop sites, however, are
relatively small, on the order of a few tens of meV, meaning that vibrational effects, surface cov-
erage, and temperature can slightly modify the site preference. At higher hydrogen coverage,
mixed occupation of fcc and hcp sites has also been observed.

In our model, a monolayer of hydrogen atoms was placed on the fcc sites of the Pt(111)
surface at the equilibrium adsorption distance (0.185 nm [300]), as illustrated in Fig. 4.2.

% Config. 1
In the first configuration, a Nafion monomer is positioned on the Pt surface with its sul-
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fonate group oriented toward the surface. The sulfur atom is initially placed at a distance of
2.8 A from the surface, following the setup reported in Ref. [301]. A monolayer of hydrogen
atoms is adsorbed at the fcc hollow sites of the Pt surface. Fig. 4.3 illustrates the initial (a) and
relaxed (b) configuration of the Nafion adsorbed on the hydrogen-covered Pt surface. After
geometry optimization, the distance increases to 3.52 A, indicating that the hydrogen-covered
Pt surface exerts a repulsive interaction on the sulfonate group, pushing the Nafion monomer
upward. This relaxation also leads to a slight rearrangement and disorder of the hydrogen
atoms adsorbed on the Pt surface.

NAAA
VATAVA

© c. fcc hollow site

Fig. 4.2: Optimized configuration of hydrogen atoms adsorbed on the Pt(111) surface. Hy-
drogen atoms (green spheres) occupy the fcc hollow sites, identified as the most energetically
favorable adsorption positions. The equilibrium distance between the hydrogen atoms and the
platinum surface is 0.185 nm. Gray spheres represent the top-layer Pt atoms, and green spheres
indicate the H atoms on fcc hollow sites.

To gain a more profound understanding of the interfacial interactions, a detailed analysis
of the electronic structure at the interface is essential. In this context, we investigate the charge
density difference (CDD) in three dimensions, along with the local density of states (LDOS),
obtained by summing the atomic orbital projections for each atom. The CDD is a powerful
and widely adopted approach for visualizing charge redistribution upon adsorption, provid-
ing insight into the nature and strength of interfacial bonding, charge transfer, and polarization
effects. It reveals regions of electron accumulation and depletion, thereby clarifying how the
electronic structure of each component is modified upon interaction. The charge density dif-
ference is defined as follows:

AP = P(pt+H,0+Nafion) — P(Pt+H) — P(Nafion) (Eq. 4.1)

In Eq. 4.1, the first term on the right-hand side represents the total charge density of the com-
bined system, the second term corresponds to the charge density of the Pt slab with H atoms,
and the last term denotes the charge density of the isolated Nafion monomer in the same con-
figuration. This formulation allows one to isolate the net charge redistribution resulting solely
from the interaction between Nafion and the hydrogenated Pt surface.
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Fig. 4.3: Initial (a) and relaxed (b) structure of config. 1. The Nafion monomer is initially placed
at a distance of 2.8 A from the Pt(111) surface with hydrogen atoms occupying the fcc hollow
sites. The sulfonate group of Nafion is oriented toward the surface. Gray: platinum atom;
Yellow: sulfur atom; Silver: fluorine atom; Red: oxygen atom; Brown: carbon atom; Light-
pink: hydrogen atom.

Fig. 4.4 shows the charge density difference (CDD) of the Nafion monomer adsorbed on
the hydrogen-covered Pt surface, visualized with an isosurface level of 0.001. Green and yel-
low regions denote charge accumulation and depletion, respectively. Charge accumulation is
observed primarily around the oxygen atoms of the sulfonate group (O-1, O-2, and O-3), in-
dicating electron transfer from the hydrogen atoms within Nafion toward the electronegative
oxygen sites. A corresponding charge depletion is visible around the hydrogen atoms of the
sulfonic group and at the hydrogen-covered Pt surface, consistent with polarization effects at
the interface. This redistribution leads to positively charged hydrogen species on both the sur-
face and the polymer, giving rise to electrostatic repulsion. Nevertheless, at the equilibrium
adsorption distance, this repulsive contribution is compensated by attractive interactions, such
as Pt-O bonding and polarization-induced electrostatics, resulting in a stable interfacial config-
uration characterized by a balanced charge redistribution. The depletion regions on the oxygen
atoms are oriented toward the metal surface, reflecting orbital rehybridization as the sulfonate
group interacts electrostatically with the hydrogen-passivated Pt layer. The atoms labeled in
this figure were specifically chosen for their significant charge redistribution (accumulation or
depletion) to enable a detailed analysis of their local density of states (LDOS) in the following
steps.
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Fig. 4.4: Charge density difference (CDD) at the interface for configuration 1. Isosurfaces (iso-
surface level is set as 0.001 e/A%) depict charge redistribution, with green indicating electron
accumulation and yellow indicating electron depletion. Gray: platinum atom; Yellow: sulfur
atom; Silver: fluorine atom; Red: oxygen atom; Brown: carbon atom; Light-pink: hydrogen
atom.

Additionally, the hydrogen atoms near the interface (H-1 and H-2) display subtle but dis-
tinct charge rearrangements, revealing a local perturbation of the H adlayer induced by Nafion
adsorption. The mixed accumulation and depletion regions around these hydrogens indicate
polarization within the adsorbed H network, which mediates the electrostatic coupling be-
tween Nafion and Pt. Overall, the CDD demonstrates that the interaction between Nafion and
the H-covered Pt surface is primarily governed by interfacial polarization rather than complete
charge transfer, with the sulfonate group acting as an electron donor and the Pt surface as a
local electron acceptor. This charge redistribution is crucial for understanding the stability and
electronic behavior of the interface under realistic fuel-cell operating conditions.

Fig. 4.5 presents the local density of states (LDOS) for two selected hydrogen atoms (as
shown by arrows in Fig. 4.4): H-1, belonging to the sulfonic acid group of Nafion, and H-2,
positioned on the Pt surface. For H-1 [Fig. 4.5 (a)], the comparison between the isolated Nafion
monomer and the full interacting system (Pt+H+Nafion) reveals a notable difference near the
Fermi level. The inset highlights that H-1 exhibits a small but finite LDOS contribution at
E — Erermi = 0, only when the Nafion monomer is adsorbed on the Pt surface. In contrast, the
isolated Nafion structure shows no states in this energy region, indicating that the interaction
with the metal-hydrogen interface induces weak hybridization or polarization effects on the
acidic hydrogen. This suggests that the electronic environment of H-1 is slightly perturbed by
the proximity of the Pt-H network, even though no strong bonding interaction is formed.
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For H-2 [Fig. 4.5 (b)], which represents a hydrogen atom adsorbed directly on the Pt surface,
the LDOS of the isolated slab and the full system are nearly identical across the entire energy
range. This confirms that the presence of Nafion does not significantly modify the electronic
character of the surface hydrogen, reflecting the weak interfacial coupling between the polymer
and the H-covered Pt substrate.

Overall, the LDOS analysis demonstrates that both H atoms show only very weak activity
around the Fermi level, with H-1 displaying a slight induced contribution due to interfacial
polarization, while H-2 remains essentially unaffected. This further supports the conclusion
that the Nafion-Pt interaction is governed by weak electronic perturbations rather than strong
chemical bonding.
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Fig. 4.5: Local density of states (LDOS) for the two selected hydrogen atoms at the Nafion-Pt
interface. (a) LDOS of H-1, the hydrogen in the sulfonic acid group of Nafion, shown for the
full system (Pt+H+Nafion) and for the isolated Nafion monomer. (b) LDOS of H-2, a hydrogen
atom adsorbed on the Pt surface, plotted for the full system and the isolated Pt slab. In the
insets, the focus is around the Fermi level (E — Ep.,i = 0).

The LDOS profiles for the three oxygen atoms of the Nafion sulfonate group (O-1, O-2,
and O-3), shown in Fig. 4.6, reveal consistent electronic features across all sites. In the isolated
Nafion monomer (blue curves), the oxygen states exhibit sharp, well-defined peaks, character-
istic of localized molecular orbitals and the absence of strong external interactions. However,
once Nafion is brought into contact with the Pt-H surface (red shaded regions), the LDOS be-
comes noticeably broader and more delocalized, reflecting a modification of the electronic en-
vironment induced by interfacial coupling. The zoomed insets highlight that, near the Fermi
level, the isolated Nafion oxygen atoms contribute essentially no states, while the oxygen atoms
in the full system display weak but non-negligible electronic states in the —1 to +1 eV range.
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These emergent states indicate a subtle interaction between the sulfonate oxygens and the Pt-
H surface, consistent with partial charge redistribution observed in the CDD analysis. Overall,
the LDOS broadening and the appearance of weak states around the Fermi level signify a slight
perturbation of the oxygen electronic structure due to adsorption, although the interaction re-
mains relatively moderate, in line with the non-bonding character expected for this interface.

ia) B B ] T ' 0-1(;0131) ml
—— O-1(Nafion)

-0.5 0 0.5 1

i Lk

T8 - 4 2 0
E - Efermi (€V)

(b) ‘ ' ‘ 0-2(Total)
—— 0-2(Nafion)

LDOS (arb. unit)

=N

LDOS (arb. unit)

%

-8 -6 -4 2 0 2 6

-

E - Epermi (€V)

Ec) B T BN T o 0-3(;0131)
—— 0-3(Nafion)

-1 -0.5 0 0.5 1

LDOS (arb. unit)

LA

-8 -6 -4 -2 0 2 4 6
E - Eermi (6V)

Fig. 4.6: Local density of states (LDOS) for the three selected oxygen atoms (O-1, O-2, and O-3)
of the Nafion sulfonate group. Each panel compares the LDOS of the oxygen atom in the total
system (Pt+H+Nafion) with that of the isolated Nafion monomer. Insets provide a magnified

view of the energy region around the Fermi level (E — Ergypi = 0).
The LDOS profiles of the three selected surface Pt atoms in Fig. 4.7 (Pt-1, Pt-2, and Pt-3)

show a very similar overall electronic structure across all panels. For each atom, the LDOS of
the Pt+H slab alone (red line) closely overlaps with the LDOS of the corresponding atom in
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the full Pt+H+Nafion system (green filled area). The main features, such as the occupied states
between approximately —8 eV and —2 eV, the broad metallic character approaching the Fermi
level, and the small unoccupied contributions above 4 eV, remain essentially unchanged upon

adsorption of the Nafion monomer and hydrogen species.
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Fig. 4.7: Local density of states (LDOS) projected onto three selected surface Pt atoms (Pt-1, Pt-
2, and Pt-3), shown for both the clean Pt slab (red line) and the full system (green filled area).
Each panel corresponds to one Pt atom, with the Fermi level set to zero.

This strong overlap indicates that the local electronic environment of these surface Pt atoms
is only minimally perturbed by the presence of Nafion and interfacial hydrogen. In other
words, despite the charge redistribution observed in the CDD analysis, the electronic struc-
ture of Pt remains nearly identical to that of the clean slab. Therefore, we conclude that no
significant modification of the LDOS occurs for the surface Pt atoms when moving from the
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isolated slab to the full Pt+H+Nafion system, confirming that the interfacial interactions are
too weak to alter the characteristic Pt electronic states.

% Config. 2

In Configuration 2, the Nafion monomer was initially positioned near the Pt surface through
its -CF3 terminal group, with an initial separation of approximately 2.53 A, as shown in Fig. 4.8
(a). After full structural relaxation, Fig. 4.8 (b) reveals that the distance between the —-CF3 group
and the Pt surface increases to about 3.72 A. This increase in separation indicates a repulsive
interaction on this side of the molecule, effectively pushing the -CF3 group away from the
surface. At the same time, the rest of the Nafion structure undergoes a reorientation, rotating
and adjusting its position to adopt a more favorable adsorption configuration. This behavior
highlights the competition between repulsion at the hydrophobic end (-CF3) and attractive in-
teractions from other functional groups, ultimately determining the final adsorption geometry
of Nafion on the Pt surface.

(@ (b)

Fig. 4.8: Initial (a) and relaxed (b) structure of config. 2. The Nafion monomer is initially
placed at a distance of 2.53 A from the Pt(111) surface with hydrogen atoms occupying the fcc
hollow sites. The —CF3 group of Nafion is oriented toward the surface. Gray: platinum atom;
Yellow: sulfur atom; Silver: fluorine atom; Red: oxygen atom; Brown: carbon atom; Light-pink:
hydrogen atom.

In Fig. 4.9, the charge density difference (CDD) is illustrated for Configuration 2. The CDD
map reveals a small but noticeable charge redistribution at the interface: a slight charge ac-
cumulation and depletion appear around the surface Pt atoms (Pt-1, Pt-2, and Pt-3) and the
hydrogen atom on the Pt surface (H-2). Additionally, a more pronounced charge accumulation
is observed around the O-1 atom of the sulfonic acid group, which is oriented toward the Pt
surface. In contrast, the remaining atoms of the Nafion monomer exhibit only minimal charge
rearrangement, indicating that the interfacial electronic interaction in this configuration is rel-
atively weak and highly localized.
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Fig. 4.9: Charge density difference (CDD) at the interface for configuration 2. Isosurfaces (iso-
surface level is set as 0.001 e/A%) depict charge redistribution, with green indicating electron
accumulation and yellow indicating electron depletion. Gray: platinum atom; Yellow: sulfur
atom; Silver: fluorine atom; Red: oxygen atom; Brown: carbon atom; Light-pink: hydrogen
atom.

Fig. 4.10 presents the LDOS of the two selected hydrogen atoms: H-1, which belongs to the
Nafion monomer, and H-2, which resides on the Pt surface (as identified previously in Fig. 4.9).
These two hydrogens play different chemical roles and experience very different electronic
environments, which is clearly reflected in their LDOS profiles.

For H-1, comparing the LDOS of the isolated Nafion monomer with that of the full Pt+H+Nafion
system shows that its electronic states shift slightly toward lower energies when the monomer
is placed near the Pt surface. This small downward shift indicates a weak perturbation caused
by the presence of the metallic substrate and nearby species. Importantly, for both cases, Nafion
alone and the total system, H-1, does not exhibit any states near the Fermi level. This absence
of states around Ef,,,; confirms that H-1 does not participate in any significant electronic in-
teraction with the Pt surface and remains chemically inert in this interfacial configuration.

A different behavior is observed for H-2, the hydrogen atom adsorbed on the Pt surface.
Its LDOS shows a clear set of states in the range of about —8 to —6 eV, characteristic of hydro-
gen—metal bonding interactions. Moreover, the LDOS of H-2 also shows non-zero states at the
Fermi level, as highlighted in the inset. The presence of states at Er,,,; is typical for atoms di-
rectly bonded or electronically coupled to a metallic surface, indicating hybridization between
the hydrogen 1s orbital and the Pt d-band. The total-system LDOS and slab-only LDOS for H-
2 are nearly identical, suggesting that the Nafion monomer does not significantly modify the
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local electronic environment of the surface hydrogen. Altogether, the LDOS results show that
H-1 (in Nafion) experiences only weak, long-range perturbations from the Pt surface, whereas
H-2 (on Pt) is strongly hybridized with the metallic states, maintaining its metallic character
even in the presence of the monomer.
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Fig. 4.10: Local density of states (LDOS) for the two selected hydrogen atoms: (a) H-1 belonging
to the Nafion monomer, shown for the isolated Nafion structure and for the full Pt+H+Nafion
system; and (b) H-2 located on the Pt surface, compared between the slab-only and total con-
figurations. The inset in panel (b) highlights the LDOS near the Fermi level (E — Er,,; = 0).

The LDOS of the three oxygen atoms in configuration 2 are shown in Fig. 4.11. As illus-
trated, the electronic structure of all O atoms displays very similar features, reflecting their
equivalent chemical environment within the Nafion sulfonate group. Across the three panels,
the LDOS profiles of the oxygen atoms in the Nafion structure exhibit nearly identical features,
reflecting their equivalent chemical environment within the sulfonate group. In all cases, the
comparison between the isolated Nafion configuration (blue curves) and the full Pt+H+Nafion
system (red curves) shows a slight downward shift of the occupied states toward lower ener-
gies relative to the Fermi level. This shift indicates a modest stabilization of the O-atom elec-
tronic states upon interaction with the Pt surface and nearby hydrogen, consistent with weak
O-Pt coupling that perturbs but does not fundamentally alter their electronic character. No-
tably, none of the oxygen atoms develop states at the Fermi level, confirming that they remain
electronically insulating and do not contribute to interfacial conductivity.

Beyond this small energy shift, the LDOS lineshape remains remarkably consistent across
O-1, O-2, and O-3, both in the occupied region (—8 to —2 eV) and in the unoccupied region
around 4 — 6 eV. This uniformity suggests that the interaction strength with the Pt surface is
similar for each oxygen atom and that the underlying sulfonate group preserves its molecular
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identity even in the presence of the metallic substrate. Overall, the LDOS behavior highlights
a mild but systematic interaction between Nafion and Pt, characteristic of physical adsorption
where electronic redistribution occurs without significant hybridization or chemical bonding.

| (a) v T o ] - E 0-71(Tota1)7 ‘
—— 0O-1(Nafion) ‘

LDOS (arb. unit)

- Efermi (¢V)

(b) I | ! ‘ ' 0-2(Total)
—— 0-2(Nafion)

LDOS (arb. unit)

JI AW

-8 -6 -4 -2 0 2
E - Efermi (6V)

(C) 0O-3(Total)
—— 0-3(Nafion)

LDOS (arb. unit)

Vit o

-8 -6 -4 -2 0 2 4 6
E - Eermi (¢V)

Fig. 4.11: Local density of states (LDOS) for the three selected oxygen atoms (O-1, O-2, and
O-3) of the Nafion sulfonate group in configuration 2. Each panel compares the LDOS of the
oxygen atom in the total system (Pt+H+Nafion) with that of the isolated Nafion monomer.

The LDOS of the three selected Pt surface atoms in configuration 2 are shown in Fig. 4.12.
In all cases, the LDOS of each Pt atom in the full Pt+H+Nafion system closely overlaps with
the LDOS of the corresponding atom in the clean Pt slab. This near-perfect overlap indicates
that the presence of Nafion and the nearby hydrogen atom produces only a minimal pertur-
bation of the electronic states of Pt at the interface. The characteristic d-band features between
approximately —7 eV and 0 eV remain essentially unchanged, and the density of states at the
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Fermi level is preserved, confirming that the metallic nature of the Pt surface is unaffected by
the adsorption of the polymer in this configuration.
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Fig. 4.12: Local density of states (LDOS) for three representative Pt atoms on the surface slab in
configuration 2, comparing the clean Pt slab (red line) with the full Pt+H+Nafion system (green
shaded area). Each panel corresponds to one Pt atom, with the Fermi level set to zero.

Beyond this overall similarity, the small differences between the total and slab LDOS curves
fall within the range expected for weak physisorption, where the interaction is governed by mi-
nor charge rearrangements rather than the formation of chemical bonds or significant orbital
hybridization. The preservation of the Pt d-band structure, together with the absence of O-
or H-induced features in the LDOS of the Nafion atoms, indicates that the polymer interacts
only weakly with the surface. Given that both subsystems remain essentially neutral, any in-
teraction present is likely dominated by long-range van der Waals forces. Taken together, these
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results show that the Pt surface retains its intrinsic electronic character and that the influence of
Nafion on Pt is limited to subtle, non-disruptive perturbations. This behavior aligns with typ-
ical fuel-cell operating conditions, where Nafion interacts with Pt mainly through electrostatic
and hydrogen-bonding effects rather than strong covalent bonding.

+ Config. 3

In the last configuration (Config. 3), the Nafion monomer is placed on the Pt+H surface
with its hydrophobic backbone, as shown in Fig. 3.7 (the main chain), in order to probe the
interaction of this non-polar side with the Pt+H surface. The initial and optimized geometries
of this configuration are reported in Fig. 4.13. Upon structural relaxation, the Nafion monomer
moves away from the substrate, increasing the separation between the polymer and the Pt
surface (from about 2.1 A in the initial guess to roughly 3.6 A in the final structure). This
behavior indicates a weak interaction between the hydrophobic side of Nafion and the Pt+H
surface, with the polymer tending to maximize its distance from the metal rather than forming
specific adsorption bonds, in clear contrast to the behavior of the sulfonate group.

@ (b)

Fig. 4.13: Initial (a) and optimized (b) geometries of configuration 3, where the hydrophobic
backbone of the Nafion monomer is oriented toward the Pt+H surface. Upon relaxation, the
polymer retracts from the substrate, increasing the separation from approximately 2.1 A to 3.6
A. This outward displacement reflects the weak affinity of the hydrophobic side of Nafion for
the Pt+H surface and the absence of specific adsorption interactions in this configuration. Gray:
platinum atom; Yellow: sulfur atom; Silver: fluorine atom; Red: oxygen atom; Brown: carbon
atom; Light-pink: hydrogen atom.

As in the previous configurations, the charge density difference (CDD) for configuration 3
is presented in Fig. 4.14. The CDD reveals a pronounced charge depletion around the hydrogen
atoms adsorbed on the Pt surface, as well as around the acidic hydrogen of the -SO3H group
in Nafion. In contrast, the remaining atoms of the Nafion backbone exhibit only minor charge
redistribution, consistent with the weak interaction expected for the hydrophobic side of the
polymer. The atoms highlighted by arrows in Fig. 4.14 are those selected for the LDOS analy-
sis in the following section. The overall CDD pattern further supports the structural result of
configuration 3, namely that the hydrophobic backbone does not participate in significant elec-
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tronic exchange with the Pt+H surface, while the acidic hydrogen and nearby oxygen atoms
remain the primary sites of interfacial charge rearrangement.
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Fig. 4.14: Charge density difference (CDD) for configuration 3, showing the interaction between
the hydrophobic side of the Nafion monomer and the Pt+H surface. A pronounced charge
depletion appears around the surface H atoms on Pt and the acidic hydrogen of the -SOz;H
group. The atoms marked with arrows correspond to the sites selected for the LDOS analysis
presented in the following figure. Gray: platinum atom; Yellow: sulfur atom; Silver: fluorine
atom; Red: oxygen atom; Brown: carbon atom; Light-pink: hydrogen atom.

The LDOS of the selected atoms for configuration 3 is reported in Fig. 4.15. For H-1, located
in the -SOsH group of Nafion [Fig. 4.15 (a)], the LDOS of the atom in the full Pt+H+Nafion
system shifts slightly upward toward the Fermi level compared to the isolated Nafion case,
and a small but noticeable contribution appears directly at the Fermi level (highlighted in the
inset). This indicates that the acidic hydrogen participates in a weak electronic redistribution
when the polymer approaches the Pt+H surface, consistent with the charge depletion observed
in the CDD.

For H-2 adsorbed on the Pt surface [Fig. 4.15 (b)], the LDOS of the full Nafion/Pt+H system
closely matches that of the hydrogen-covered Pt slab in the absence of Nafion. The persistence
of states around the Fermi level in both cases indicates that this surface hydrogen remains
electronically coupled to the metallic substrate and is only weakly affected by the presence of
the distant polymer backbone in configuration 3.

The oxygen atom selected from the -SOsH group [Fig. 4.15 (c)] also exhibits a slight upward
shift of its occupied states in the total system relative to the isolated Nafion monomer. A small
density of states emerges around the Fermi level (zoomed region), which mirrors the behavior
of H-1 and again points to modest charge rearrangement localized on the sulfonic acid moiety.

Finally, the Pt atom shown in Fig. 4.15 (d) retains its characteristic d-band shape, with only
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minor deviations between the total system and the clean slab. The green-filled curve is slightly
larger than the slab LDOS at specific energy windows, but the Fermi-level region and the over-
all electronic structure remain essentially unchanged. This confirms that the hydrophobic back-
bone of Nafion in configuration 3 does not significantly perturb the electronic states of the Pt
surface.
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Fig. 4.15: Local density of states (LDOS) for selected atoms in configuration 3. (a) LDOS of
H-1 in the -SO3H group of Nafion, showing an upward shift toward the Fermi level and the
appearance of a small state at Er,,; in the total system (inset). (b) LDOS of H-2 adsorbed on
the Pt surface, which remains nearly identical to the clean slab and retains states at the Fermi
level in both cases. (c) LDOS of the selected oxygen atom in the -SO3H group, exhibiting a
slight upward shift and a small density of states near the Fermi level (zoomed inset). (d) LDOS
of a representative Pt surface atom, showing only minor differences between the total system
and the clean slab, with the Pt d-band structure essentially preserved.

Across the three configurations, a consistent picture emerges of how a Nafion monomer
interacts with a Pt surface decorated with adsorbed hydrogen. When the sulfonic acid group
is oriented toward the surface, the polymer adopts a shorter equilibrium separation (from ap-
proximately 2.8 A to 3.5 A) and exhibits localized charge rearrangements involving the acidic
hydrogen and neighboring oxygen atoms, while the Pt surface remains largely metallic and
only weakly perturbed. When the hydrophobic -CF,— backbone is facing the substrate, the
monomer instead withdraws from the surface, producing minimal electronic overlap and es-
sentially no modification of the Pt electronic structure. Taken together, these results indicate a
weak interaction between the sulfonic acid group and the hydrogen-covered Pt surface, with
the ~-SO3H moiety remaining at an equilibrium separation of approximately 3.5-3.7 A. No sig-
nificant interaction is observed between the surface and the remaining parts of the Nafion
monomer, which primarily act as an inert, non-interacting backbone.

To more realistically model the environment of an operating fuel cell, the next step intro-
duces H,O molecules at the interface, since interfacial water layers exert a decisive influence
on the structural, electronic, and proton-transport properties of polymer—electrode assemblies.
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4.2 Nafion on the Hydrated Pt Surface (Pt+H,0)

To extend the analysis toward more realistic fuel-cell conditions, this section incorporates
explicit water molecules at the Pt/Nafion interface. In this study, two hydration levels are
modeled by introducing either three or six H,O molecules per sulfonic acid group. Although
these hydration schemes do not reproduce the full complexity of bulk water, they allow the
interfacial Pt/Nafion interactions to be isolated in a controlled manner. This strategy is con-
sistent with earlier DFT investigations of hydrated Nafion interfaces and captures the essential
features of proton-transfer mechanisms [256,301].

The preferential adsorption geometry of water on Pt(111) is a key factor governing its elec-
trochemical behavior. The orientation adopted by H,O molecules affects their response to elec-
tric fields, their propensity for dissociation, and the stability and structure of interfacial water
clusters. Previous DFT studies show that water favors top sites on the platinum surface, ly-
ing nearly parallel to the surface at a separation of about 2.21 A [261-263]. Building on this
understanding, simplified Pt(111)/Nafion model systems are constructed to explore how the
interfacial organization between Nafion and the catalyst influences fuel-cell performance. The
models include a degraded Nafion monomer, explicit water molecules, and a Pt(111) slab rep-
resenting the electrode.

In these systems, the Nafion monomer is placed on the Pt surface with varying orientations
of the sulfonate group and fluorocarbon backbone. Numerous studies indicate that the relative
positioning of Nafion and water molecules is a determining factor for ion transport and inter-
facial proton mobility [302-305]. Water molecules located approximately 2.21 A above the Pt
surface can form interconnected channels that facilitate ion transfer between the electrode and
the polymer matrix [263]. In contrast, the Nafion monomer itself is generally positioned farther
from the metal, at a distance of around 2.8 A [301]. Following this framework, the simulated
systems in the present work consist of a four-layer Pt(111) slab, one Nafion monomer, and ei-
ther three (low hydration) or six (high hydration) water molecules, depending on the targeted
hydration level [306].

+ Config. 1

In the first configuration, the Nafion monomer is positioned on the Pt surface with its sul-
fonate group oriented toward the metal, and the sulfur atom placed at an initial separation
of 2.8 A from the surface [301]. Three water molecules are arranged above the Pt surface at a
distance of approximately 2.21 A, consistent with the preferred adsorption geometry of H,O
on Pt(111) [263]. The initial and optimized geometries of this system are shown in Fig. 4.16 (a)
and Fig. 4.16 (b), respectively.

During structural relaxation, an OH fragment dissociates from the sulfonate group of Nafion.
This species behaves as a hydroxyl radical, which may subsequently acquire an electron to form
a hydroxide anion (OH™). Following dissociation, the OH group interacts strongly with the Pt
surface. One possible pathway involves the OH abstracting a hydrogen atom from a nearby
water molecule, forming H>O and regenerating the hydroxyl radical, suggesting a potentially
cyclic mechanism. Alternatively, the OH group may directly adsorb onto the Pt surface. Re-
ported Pt-O bond lengths for adsorbed hydroxyl species range from 2.10 A to 2.15 A, shorter
and stronger than the typical Pt-O separation reported for molecular water adsorption (=~ 2.21
A) [263,307].

The formation of Pt-O bonds, together with the adsorption of water molecules at distances
between 2.12 A and 2.15 A, induces an upward relaxation of the two uppermost Pt layers, as
indicated by the arrow in Fig. 4.16 (b). This distortion reflects a local expansion of the Pt surface
region, a structural response commonly associated with strong adsorbate—metal interactions.

95



D

< >

- K> 0-0 5

Yy T
a 5‘5\‘?,|?
* - :*":.\F
Gfss Lale]
i s TR
*.". o'lk* % ".‘5"..45
é\‘ P.A‘l:d g-'

N
L7

b
fa S ~‘
a

Fig. 4.16: (a) Initial structure of the Pt(111)-water—Nafion interface shown from the side view
(z — x plane) and top view (y — x plane); (b) Corresponding optimized structure viewed from
the same orientations. The Nafion monomer is initially placed at a distance of 2.8 A from
the Pt(111) surface. The dashed line shows the elongated C-S bond. Gray: platinum atom;
Yellow: sulfur atom; Silver: fluorine atom; Red: oxygen atom; Brown: carbon atom; Light-
pink: hydrogen atom.

To elucidate the interfacial behavior at the electronic level, a detailed examination of charge
redistribution and orbital hybridization is essential. In this work, the electronic structure of
the interface is analyzed through the three-dimensional charge density difference (CDD) and
the local density of states (LDOS) projected onto selected atoms. The 3D-CDD reveals the
spatial pattern of electron accumulation and depletion induced by adsorption, while the LDOS
highlights the emergence or suppression of electronic states near the Fermi level.

To complement these qualitative insights, we further quantified interfacial charge redistri-
bution using Bader charge analysis and interaction energies. The Bader method provides a
direct measure of the net electron gain or loss for each atom at the interface [308-311]. To-
gether, these complementary approaches offer a consistent and comprehensive interpretation

of charge transfer among the Pt(111) surface, the interfacial water molecules, and the Nafion
monomer.
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Fig. 4.17: (a) Bader charge distribution of the Pt(111) /Nafion interface, showing the net electron
gain (positive values) and loss (negative values) for each atom obtained from Bader analysis of
the charge density difference (CDD). The values highlight the charge transfer from surface Pt
atoms toward the sulfonic group and the interfacial water molecules, with the S and selected
O atoms exhibiting the largest charge accumulation. (b) Three-dimensional charge density
difference (CDD) isosurface illustrating the spatial regions of electron accumulation (yellow)
and depletion (cyan) upon adsorption of the degraded Nafion monomer (isosurface level is
set as 0.008 e/A3). The CDD visualization confirms the trends revealed by the Bader charges
and reveals the localized hybridization at the Pt surface atoms (Ptl and Pt2). Together, the
Bader and CDD analyses provide a consistent picture of charge redistribution and interfacial
electronic coupling at the Pt(111) /Nafion interface.

Figure Fig. 4.17 presents a combined view of the Bader charge analysis and the three-
dimensional charge density difference (CDD) isosurface for the Pt(111)/Nafion interface. Panel
(a) reports the Bader charges obtained by integrating the charge-density difference within each
atomic basin. Because the analysis is performed on Ap rather than on the total electron density,
the resulting Bader values correspond directly to the net electron gain or loss for each atom
(Ag), instead of the absolute electron population. In this convention, negative values indicate
electron depletion, whereas positive values represent electron accumulation relative to the iso-
lated fragments. As shown in Fig. 4.17 (a), the surface Pt atoms undergo small but systematic
electron depletion (Ag ~ —0.01 to —0.02 e), while atoms within the sulfonic group, particularly
sulfur and specific oxygen atoms, display the largest electron accumulation (up to +0.14 e).
These trends reveal a net charge flow from the Pt surface toward the acidic, hydrated region of
the Nafion monomer.

Panel (b) displays the corresponding 3D-CDD isosurface, highlighting spatial regions of
electron accumulation (yellow) and depletion (cyan) upon adsorption. The CDD map rein-
forces the Bader results: electron depletion is concentrated around the Ptl and Pt2 surface
atoms, while pronounced electron accumulation is found near the oxygen and sulfur atoms of
the sulfonic head group. The strong consistency between the Ag values and the CDD visualiza-
tion confirms that the electronic coupling at the Pt(111)/Nafion interface is mediated primarily
through the sulfonic moiety and the adjacent interfacial water network. Collectively, the Bader
and CDD analyses yield a coherent and physically transparent picture of charge redistribution
across the interface.
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Further insight into the interfacial interaction is obtained by examining the LDOS of se-
lected Pt surface atoms and of the three oxygen atoms of the -SOsH group [Fig. 4.18]. In panel
(a), the LDOS of Ptl and Pt2 in the clean Pt(111) slab (without Nafion and water) is compared
with the LDOS of the same atoms in the fully hydrated Pt+H,O+Nafion system. When Nafion
and water are present, the Pt LDOS shows a slight redistribution of spectral weight: some
states are shifted from below to above the Fermi level, and additional features appear around
—8 eV. Overall, the Pt d-band remains largely intact, indicating that the electronic structure of
the metal is only moderately perturbed by the adsorbates.

Panels (b)—(d) display the LDOS of the oxygen atoms in three distinct situations: (i) in the
fully optimized Pt+H,O+Nafion system (red), (i7) in the isolated Nafion monomer taken in its
final optimized geometry (configuration 1, blue), and (iii) in the isolated Nafion monomer in its
initial geometry (yellow). Comparing cases (iii) and (ii) isolates the effect of structural distor-
tion of the monomer, while the change from (i) to (i) captures the additional impact of charge
transfer between Pt, water, and Nafion. In the isolated monomer, O1 and O2 are equivalent
and therefore display very similar LDOS (yellow areas in panels (b) and (c)), whereas O3 al-
ready differs because it is the oxygen bonded to the acidic hydrogen. For O1 and O2, structural
relaxation [case (iii) — (ii)] broadens and separates the peaks and shifts them slightly to higher
energies. When the monomer is brought into contact with the hydrated Pt surface [case (ii)
— (i)], these peaks move further upward, and two narrow features appear at the Fermi level.
This behavior reflects hybridization between the O p states and the Pt surface states, mediated
by the water molecules that bridge the sulfonate group and the metal; the Fermi-level peaks
correspond to these hybridized interfacial states.

(a) Ptl: Slab+Nafion+H,0 (b) —— OI: Nafion (config.1)
—— P2: Slab Ol: Nafion

Ptl: Slab \ —— Ol: slab+Nafion+H,0

—— Pt2: Slab+Nafion+H,0

LDOS (atb. unit)

‘ —— 02: slab+Nafion+H,0 W —— 03: slab+Nafion+H,0
—— 02: Nafion (config.1) (d) —— 03: Nafion (config.1)
02: Nafion [\

\ 03: Nafion

LDOS (arb. unit)
LDOS (arb. u

E 0 - E
E - Epermi (V) E - Epermi (V)

Fig. 4.18: Local density of states (LDOS) for (a) the selected Pt surface atoms and (b—d) the three
oxygen atoms of the -SO3H group in configuration 1 of the hydrated Pt+H,O+Nafion interface.
Each panel compares the LDOS of the fully optimized interface with the isolated Pt slab and
with the isolated Nafion monomer in both its initial and optimized geometries.

For O3 (panel (d)), the evolution of the LDOS is much more dramatic. In the final opti-
mized interface, the OH group has detached from the sulfonic group and binds directly to
the Pt surface, and the LDOS develops a strong concentration of states near the Fermi level.
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The final spectrum is characterized by two intense peaks: one around —3.5 eV and another
centered at the Fermi level. These narrow features arise from Pt-O bonding and antibonding
states associated with the chemisorbed OH species, confirming that this oxygen atom plays a
central role in the formation of strong interfacial bonds and in the redistribution of charge at
the Pt/H,0O/Nafion interface.

% Config. 2

In configuration 2, the Nafion monomer is initially positioned with its -SO3H group placed
approximately 4 A above the Pt(111) surface. The initial and optimized geometries are shown
in Fig. 4.19, sections (a) and (b), respectively. Upon structural relaxation, the polymer drifts
toward the metal surface, reducing the separation to about 2.8 A, consistent with previously
reported adsorption distances for sulfonate, containing fragments on Pt(111) [301]. During
this process, the -SO3H group transfers its proton to a neighboring water molecule, forming a
hydronium ion (H3O*), while the -SO; moiety remains bonded to the polymer backbone.
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Fig. 4.19: (a) Initial structure of the Pt(111)-water—Nafion interface shown from the side view
(z — x plane) and top view (y — x plane); (b) Corresponding optimized structure viewed from
the same orientations. The Nafion monomer is initially placed at a distance of 4 A from the
Pt(111) surface. Gray: platinum atom; Yellow: sulfur atom; Silver: fluorine atom; Red: oxygen
atom; Brown: carbon atom; Light-pink: hydrogen atom.

Unlike configuration 1 [see Fig. 4.16 (b)], the Pt surface in this configuration shows no major
structural distortion, and the —-SO3 group preserves its original bonding geometry within the
Nafion monomer. Two of the interfacial water molecules bind to Pt, forming Pt-O bonds of
2.14 A and 2.27 A. Fig. 4.20 presents the Bader charge analysis together with the correspond-
ing three-dimensional CDD isosurface for configuration 2. In panel (a), the Bader charges,
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computed from the charge density difference (Ap), quantify the net electron gain or loss for
each atom. The results indicate that the surface Pt atoms undergo modest electron depletion,
whereas atoms in the hydrated sulfonic region of Nafion, particularly those forming the H;O™
species and the oxygen atoms of the -SO3; group, display noticeable electron accumulation.
This pattern reflects a charge-transfer process mediated by the strong acidity of the sulfonic
group and its hydrogen-bonding network under enhanced hydration.

Panel (b) shows the CDD isosurface, where yellow and cyan denote charge accumulation
and depletion, respectively. The CDD reveals alternating regions of accumulation and deple-
tion extending from the H;O™ molecule toward the sulfonate oxygens, indicating a continu-
ous polarization pathway across the hydrated interface. The localized depletion around Ptl
and Pt2, combined with accumulation within the sulfonic domain, is fully consistent with the
Bader trends and demonstrates how protonated water reshapes the electronic landscape at the
Pt(111) /Nafion interface.
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Fig. 4.20: (a) Bader charge distribution showing the net electron gain (positive values) and
loss (negative values) for atoms within the Pt(111) /Nafion/H,O interface. The values indicate
moderate charge transfer from the surface Pt atoms toward the sulfonic group and interfacial
water molecules. (b) Three-dimensional charge density difference (CDD) isosurface highlight-
ing regions of electron accumulation (yellow) and depletion (cyan) (isosurface level is set as
0.008 e/A%). The CDD pattern reveals localized hybridization at the Pt1 and Pt2 sites and con-
firms the charge-redistribution trends observed in the Bader analysis.

In contrast to configuration 1, the LDOS of configuration 2 reflects the absence of a signif-
icant charge transfer from the Pt surface, consistent with the lack of structural distortion of
the top Pt layers. Most of the electronic redistribution instead occurs within the hydrophilic
region of Nafion, particularly around the sulfonate oxygens. The projected LDOS for the rele-
vant atoms is shown in Fig. 4.21. Panel (a) reports the LDOS of Pt1 and Pt2 (the surface atoms
indicated in Fig. 4.20). Both atoms exhibit nearly identical spectral features at and around the
Fermi level, confirming that the presence of Nafion and interfacial water only weakly perturbs
the metallic states. A slight reduction in the occupied states just below the Fermi level, accom-
panied by a small increase in the spectral weight around —4 eV, is visible for Pt1, but the overall
d-band shape is essentially preserved.
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Fig. 4.21: Local density of states (LDOS) for (a) the selected Pt surface atoms and (b—d) the three
oxygen atoms of the -SO3H group in configuration 2 of the hydrated Pt+H,O+Nafion interface.
Each panel compares the LDOS of the fully optimized interface with the isolated Pt slab and
with the isolated Nafion monomer in both its initial and optimized geometries.

Panels (b)-(d) show the LDOS of the three oxygen atoms O1, O2, and O3 in the -SO;H
group. Unlike configuration 1, none of the oxygen atoms display states at the Fermi level. In-
stead, all three exhibit a clear gap of approximately 3 eV between the highest occupied and
lowest unoccupied states. In this configuration, the LDOS of O3 becomes more similar to those
of O1 and O2 because its hydrogen atom has transferred to a water molecule, yielding a hy-
dronium ion. Nevertheless, the peak intensities of O3 differ: the final occupied peak is smaller,
while the onset of unoccupied states shows a more pronounced peak. This redistribution re-
flects an electron transfer from bonding to antibonding character across the Fermi level, consis-
tent with O3 being the oxygen atom closest to, and most strongly influenced by, the hydronium
ion formed during the optimization.

+ Config. 3

In the third configuration, the Nafion monomer is initially placed with its -CF3 side chain
oriented toward the Pt(111) surface, with the closest carbon atom positioned approximately
2 A above the metal. The initial and optimized geometries are shown in Fig. 4.22 (a) and
Fig. 4.22 (b), respectively. After structural relaxation, the optimized structure shows that the
presence of Nafion pushes the uppermost Pt layer slightly downward, with this displacement
extending into the second Pt layer as well. This downward relaxation reduces the ability of
the surface Pt atoms to interact uniformly with the H,O molecules. As a result, only one water
molecule remains strongly adsorbed, forming a Pt-O bond of 2.08 A, while the remaining two
water molecules shift farther from the surface, at distances of 2.4 A and 3.5 A, indicating much
weaker interactions.
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Fig. 4.22: (a) Initial structure of the Pt(111)-water-Nafion interface shown from the side view
(z — x plane) and top view (y — x plane); (b) Corresponding optimized structure viewed from
the same orientations. The Nafion monomer is initially placed toward the surface from its CF3
side group. Gray: platinum atom; Yellow: sulfur atom; Silver: fluorine atom; Red: oxygen
atom; Brown: carbon atom; Light-pink: hydrogen atom.

Using the same analysis applied to configurations 1 and 2, Fig. 4.23 shows the Bader charge
distribution and the corresponding three-dimensional CDD isosurface for configuration 3, where
the Nafion monomer approaches the Pt(111) surface through its CF; terminal group. As seen in
panel (a), the Bader charges are extremely small for nearly all atoms, typically below 3-0.01 ¢, in-
dicating that only negligible electron transfer occurs between the polymer, the interfacial water
molecule, and the surface Pt atoms in this configuration. The CF3 moiety, being highly elec-
tronegative and chemically inert, does not participate in strong interactions or charge-sharing
pathways with the metal surface, and consequently, the electron redistribution around the sul-
fonic group is also minimal. Panel (b) displays the corresponding CDD isosurface, where the
regions of electron accumulation (yellow) and depletion (cyan) are weak and spatially con-
fined. The most noticeable features appear around the fluorine atoms (F1 and F2) and the
adjacent Pt surface site (Ptl), but these perturbations remain localized and do not extend into
the interfacial region, in contrast to configurations where the sulfonic group or H3O™ interacts
directly with Pt. Taken together, the Bader and CDD analyses clearly demonstrate that the
CF;-oriented Nafion monomer exhibits the weakest electronic coupling to Pt(111), resulting in
minimal charge redistribution at the interface in configuration 3.
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Fig. 4.23: (a) Bader charge distribution for the Pt(111)/Nafion/H,O interface when the Nafion
monomer is oriented toward the surface through its CF3 group. The atomic Bader values show
only very small electron gain and loss across Nafion, the interfacial water molecule, and the top
Pt atoms, indicating weak charge transfer in this configuration. (b) Three-dimensional charge
density difference (CDD) isosurface, highlighting regions of charge accumulation (yellow) and
depletion (cyan) (isosurface level is set as 0.002 e/ A3). The CDD is mainly localized around the
fluorine atoms (F1, F2) and the nearby surface Pt atoms (Pt1), confirming the limited electronic
coupling between the CF;-terminated Nafion and the Pt(111) surface.

Fig. 4.24 (a—d) present the LDOS for selected atoms in configuration 3. Panel (a) displays
the LDOS of the chosen Pt surface atoms. The Pt1 LDOS shows a noticeable depletion of states
in the energy range between —2 and 0 eV and an enhancement of spectral weight around —6
eV, indicating a modest redistribution of d states upon interaction with Nafion and HO. In
contrast, Pt2 exhibits only minor changes with respect to the clean slab, confirming that the
perturbation of the metallic surface remains relatively localized.

To analyze the interaction of the -CF3 group with the H,O molecules and the Pt surface,
two fluorine atoms of this group (F1 and F2) were selected for the LDOS analysis, as indicated
by the arrows in Fig. 4.23 (b). Panels (b) and (c) show the LDOS of F1 and F2, respectively,
while panel (d) reports the LDOS of the oxygen atom O3 of the sulfonic group. For both F1 and
F2, the LDOS exhibits a characteristic trend: when only the structural distortion of Nafion is
considered, the peaks shift to higher energies (green curves), whereas the inclusion of the full
chemical environment (Nafion+H;O+Pt) causes the LDOS to move back toward lower energies
(red curves), relative to the isolated Nafion monomer (yellow curves). This behavior reflects
the competition between intramolecular rearrangement and interfacial bonding. As expected,
the LDOS of O3 shows only small shifts in all cases; in particular, the empty states at 1 eV
(observed in configuration 2) and at the Fermi level (observed in configuration 1) are absent
here, consistent with the weaker electronic coupling of the sulfonic group in this geometry.
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Fig. 4.24: Local density of states (LDOS) for configuration 3. Panel (a) LDOS of the selected
Pt surface atoms. Panels (b) and (c) LDOS of the fluorine atoms F1 and F2 in the —-CF;3 group.
Panel (d) LDOS of the oxygen atom O3 of the sulfonic group. Each panel compares the fully
optimized Pt+Nafion+H,O interface with the isolated Pt slab and with the isolated Nafion
monomer in both its initial and optimized geometries.

4.3 Interaction of Pristine Nafion with the Hydrated Pt Surface

To assess how chemical degradation affects the interfacial behavior of Nafion, the first con-
figuration of the Pt+H,O+Nafion system is now revisited using a pristine Nafion monomer
containing all 17 fluorine atoms. The initial and optimized geometries of this configuration are
shown in Fig. 4.25 (a) and (b), respectively. The optimized structure reveals several notable
differences in the interfacial arrangement compared with the degraded Nafion system.

At the Pt surface, two water molecules remain adsorbed, each forming an O-Pt bond with
lengths of 2.14 A and 2.15 A, consistent with typical molecular water adsorption on Pt(111).
The third water molecule undergoes substantial chemical change: it loses both of its hydro-
gen atoms, one of which becomes bonded to the O1 atom of the Nafion -SO3H group, while
the second hydrogen relocates beneath the sulfur atom at a distance of 1.38 A, close to the
characteristic S-H bond length of approximately 1.34 A. The remaining oxygen atom of this
dissociated water molecule adsorbs onto the Pt surface, forming an O-Pt bond in the range of
2.02-2.05 A, indicative of a stronger interaction than that of intact water molecules. Overall,
the optimized geometry shows that pristine Nafion promotes the dissociation of one interfacial
water molecule and facilitates proton transfer toward the sulfonic acid group, while simultane-
ously maintaining strong O-Pt bonding at the surface. This behavior highlights the sensitivity
of interfacial chemistry to the molecular integrity of Nafion and provides a direct structural
basis for comparing degraded and pristine polymer environments.
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Fig. 4.25: (Initial (a) and optimized (b) geometries of configuration 1 for the Pt+H,O+Nafion
interface using pristine Nafion (17 fluorine atoms). Upon optimization, two water molecules
remain molecularly adsorbed on the Pt surface, while the third water molecule dissociates: one
hydrogen transfers to the O1 atom of the -SO3H group and the second hydrogen binds beneath
the sulfur atom. The oxygen of the dissociated water adsorbs onto the Pt surface with an O-Pt
bond length of 2.02-2.05 A. Gray: platinum atom; Yellow: sulfur atom; Silver: fluorine atom;
Red: oxygen atom; Brown: carbon atom; Light-pink: hydrogen atom.

Fig. 4.26 illustrates the charge density difference (CDD) at the interface between Pt(111),
H,0 molecules, and pristine Nafion. The green and yellow isosurfaces (isosurface level: 0.008)
represent regions of charge accumulation and charge depletion, respectively. Pronounced charge
rearrangement appears around the water molecules adsorbed on the Pt surface and around
the oxygen atoms interacting with these molecules. The spatial distribution of these isosur-
faces highlights the localized nature of the Pt-O interactions formed upon adsorption and the
proton-transfer events occurring at the Nafion side chain. Two Pt atoms at the surface, la-
beled Ptl and Pt2, are indicated in the figure; these atoms are selected for the LDOS analysis
discussed in the following section.
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Fig. 4.26: Charge density difference (CDD) at the Pt(111)/H,O/pristine-Nafion interface.
Green and yellow isosurfaces (isosurface level: 0.008) indicate charge accumulation and de-
pletion, respectively. The highlighted Pt surface atoms (Ptl and Pt2) are selected for the LDOS
analysis presented in the subsequent figure. Gray: platinum atom; Yellow: sulfur atom; Silver:
fluorine atom; Red: oxygen atom; Brown: carbon atom; Light-pink: hydrogen atom.

Fig. 4.27 shows the LDOS of the two Pt surface atoms indicated by arrows in Fig. 4.26,
comparing their electronic structure in the presence of pristine Nafion (17 fluorine atoms) and
degraded Nafion (16 fluorine atoms). In both systems, the LDOS retains the characteristic
Pt(111) d-band shape extending from approximately —8 eV to the Fermi level, indicating that
the metallic character of the surface is preserved. However, subtle differences emerge in the
way the electronic states are redistributed. In the pristine-Nafion interface, only minor devia-
tions from the clean slab are observed, with slight enhancements around —6 eV and —3.5 eV
and almost no perturbation near the Fermi level. By contrast, the degraded-Nafion system
induces a more significant reshaping of the Pt LDOS: the spectral weight decreases in the re-
gion between —2 and 0 eV, while additional density accumulates in the lower-energy part of
the d-band (around —6 to —4 eV). These differences indicate that degraded Nafion interacts
more strongly with the Pt surface, leading to a more pronounced redistribution of Pt d-states
compared with the pristine polymer.
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Fig. 4.27: Local density of states (LDOS) of the two selected Pt surface atoms for pristine
Nafion (17 fluorine atoms) and degraded Nafion (16 fluorine atoms). The LDOS of the full
Pt+Nafion+H,O interfaces is compared with that of the isolated Pt slab to highlight the differ-
ences in electronic redistribution induced by pristine and degraded polymer environments.

Fig. 4.28 (a, ¢, and e) show the LDOS of the three oxygen atoms (O1, O2, and O3, respec-
tively) in the -SO3H group for the system with pristine Nafion (17 fluorine atoms), while pan-
els (b, d, and f) report the corresponding LDOS for the degraded Nafion monomer (16 fluo-
rine atoms). In the pristine case, all three oxygens exhibit a clear gap of about 2-3 eV around
the Fermi level, with the highest occupied states located below E — Er,,i =~ —1 eV and the
lowest unoccupied states above E — Ep,i = 1 eV. This behavior is consistent across O1, O2,
and O3 and is preserved when going from the isolated Nafion monomer (yellow) to the op-
timized monomer geometry (blue) and to the full Pt+Nafion+H,O interface (red), indicating
that pristine Nafion maintains an electronically insulating character at the sulfonic group even
in contact with the metal and water. In the degraded Nafion system (right column), the LDOS
of the same oxygen changes more dramatically. For O1 and O2 [Fig. 4.28 (b) and (d)], the main
occupied peaks shift closer to the Fermi level and additional spectral weight appears within
the gap region, so that the red curves for the full interface now display states extending up to,
and in some cases across, Er..,i. The effect is even more pronounced for O3 [panel (f)], where
sharp peaks arise around E — Ep,yi = —1 eV and near the Fermi level, reflecting stronger
hybridization with the Pt and water states. Overall, the comparison between pristine and de-
graded Nafion shows that degradation narrows or closes the gap at the Fermi level for the
sulfonate oxygens, promoting the formation of interfacial states that can participate in charge
transfer processes at the Pt/Nafion interface.
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Fig. 4.28: Local density of states (LDOS) of the three oxygen atoms (O1, O2, O3) in the -SOsH
group for pristine Nafion (17 fluorine atoms, left panels) and degraded Nafion (16 fluorine
atoms, right panels). Each plot compares the LDOS of the full Pt+Nafion+H,O interface with
those of the isolated Nafion monomer in its initial and optimized geometries, illustrating the
changes in electronic structure induced by polymer degradation.

4.4 Discussion

Table 4.1 provides the interaction energy (eV) and total energies (Ry) of each system. The
interaction energy between Nafion and hydrated Pt(111) was evaluated as:

Eint(eV) = EptyH,0+Nafion — (Ept+H,0 + ENafion) (Eq. 4.2)

The calculated interaction energies at low hydration (A = 3) establish a clear hierarchy of in-
terfacial binding strengths across the three configurations. Configuration 1 exhibits the most
negative interaction energy (—8.83 eV), confirming a strong and direct coupling between the
SO3H group and the Pt(111) surface. This large binding strength is fully consistent with the
pronounced charge transfer, formation of Pt-OH species, and significant surface distortion
observed in the CDD, the Bader charge, and LDOS analyses. Configuration 2 shows an in-
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termediate interaction energy (—4.42 eV), reflecting a water-mediated interface in which pro-
ton transfer to H,O occurs without substantial electronic hybridization with the metal. This
moderate binding supports the conclusion that hydrated Nafion—Pt contact is both structurally
stable and energetically favorable. Configuration 3 exhibits the weakest binding (—1.46 eV),
in line with the minimal charge transfer, absence of interfacial states near the Fermi level, and
the predominantly hydrophobic character of the CF3—Pt interaction. These quantitative results
reinforce the electronic-structure trends: strong binding correlates with polymer and surface
disruption (Config. 1), moderate water-mediated binding stabilizes the interface (Config. 2),
and weak binding corresponds to electronically decoupled, hydrophobic contact (Config. 3).
Although configuration 2 possesses the lowest absolute total energy among the relaxed
structures, configuration 1 yields the most negative interaction energy because the interaction
term isolates only the adhesion between Nafion and hydrated Pt, removing the internal de-
formation energies of the individual subsystems. Thus, the stronger binding in configuration 1
arises from direct Pt—sulfonate coupling, whereas configuration 2 remains energetically favored
overall due to minimal structural distortion of Nafion, Pt, and the interfacial water network.

Table 4.1: Interaction energy (eV) and final energy (in Ry) for all configurations at low hydration
level (A = 3).

Quantity Config. 1 Config. 2 Config. 3

Interaction energy * (eV) —8.8284 (pristine: —4.4164 —1.4554
—7.3091)

Final energy (Ry) —26246.3725 (pristine: ~ —26246.5271 —26246.1344
—26295.6421)

" The interaction energies (eV) correspond to adsorption energies, following the standard DFT definition:
Eads = Esystem - (Esurface + Eadsorbate)'

The interfacial behavior predicted by our DFT calculations is in close agreement with avail-
able experimental observations of Nafion-Pt contacts. For Configuration 1, the formation of
Pt-OH species, electron depletion on surface Pt atoms, and partial detachment of the sulfonate
group are consistent with operando and XPS measurements reporting Pt oxidation, Pt-O(H)
formation, and strong ionomer-catalyst interactions under low-humidity conditions [312]. Al-
though direct structural measurements of a single sulfonate group on Pt(111) are not available,
EXAFS and XAS studies of ionomer-coated Pt nanoparticles reveal Pt-O coordination distances
of 2.0-2.2 A, matching the Pt-O separations obtained in our DFT optimizations. In Configura-
tion 2, the preservation of the Pt electronic structure and the absence of Fermi-level hybridiza-
tion with the sulfonate group agree with thin-film XPS measurements showing minimal S 2p
and C 1s core-level shifts for hydrated Nafion on Pt, where the interaction is mediated by in-
terfacial water rather than direct chemisorption. Furthermore, the proton-transfer pathway
identified in Configuration 2, formation of H3O* through water-mediated hydrogen-bond net-
works, is consistent with established proton-conduction models and spectroscopic evidence for
Grotthuss-type proton hopping in hydrated Nafion [313]. Finally, the negligible charge transfer
and insulating behavior of the -CF3 termination in Configuration 3 reflect the known inertness
of fluorinated polymer chains on noble metals, where adsorption is dominated by weak van
der Waals forces and leads to minimal work-function modification. Together, these compar-
isons show that the three modeled configurations capture experimentally relevant regimes of
the Nafion-Pt interface.

From a structural-stability perspective, Configuration 1 is particularly unfavorable. The
Pt surface atoms undergo substantial lateral distortion and local volume expansion, while the
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Nafion monomer shows clear degradation of its sulfonic acid group. This degradation likely
results from the transfer of an OH fragment from the -SO3H group to the Pt surface, which
increases the polymer—surface separation. Detachment of OH species may arise from the weak-
ened sulfonate environment and/or proximity of water molecules, as suggested by the behav-
ior observed when optimization begins from Configuration 2. Such interactions become in-
creasingly probable at higher hydration levels, where water molecules compete for hydrogen
bonding with the ionomer.

In Configuration 2, the H" transfer from Nafion to the electrode proceeds through inter-
facial water molecules. This mechanism is typically favored under high-hydration conditions,
where aligned water molecules form a “water wire” capable of supporting proton transport via
a hopping process between adjacent molecules [314]. Our results indicate that a similar mech-
anism can emerge even at low hydration, provided that a minimal hydrogen-bond network is
present.

This mechanism likely involves stepwise proton hopping in which H* originating from the
Nafion membrane transfers between neighboring water molecules before reaching the elec-
trode surface. The self-reorganization ability of hydrated Nafion is often associated with its
capacity to maintain continuous ionic channels, which support such proton migration. In the
optimized structure, after proton transfer to a surface water molecule and subsequent forma-
tion of H3O*, the previously elongated C-S bond (2.10 A) contracts to 1.89 A, indicating that
the sulfonate group returns to a stable and chemically intact configuration. However, while
the relaxed geometry suggests retention of an undissociated -SO3H group, this should not
be interpreted as evidence of a full self-healing process. DFT optimizations identify thermo-
dynamically favorable minima but do not provide kinetic insight into sulfonate dissociation,
radical formation, or reattachment pathways. Experimental studies show that hydrated Nafion
exhibits partial reversibility of sulfonic acid dissociation and dynamic reorganization of ionic
domains [233,313,315], consistent with our observation that hydration stabilizes an intact -SO3~
group. Thus, the structural recovery observed here is best understood as a favorable rearrange-
ment under hydrated conditions rather than a long-timescale self-healing process.

The results also highlight the importance of the initial molecular configuration when mod-
eling hydrated Nafion/Pt interfaces. When the Nafion monomer is placed close to the surface
(=~ 2.8 A), the optimized structure exhibits repulsion, whereas placing it farther away (= 4
A) leads to attraction. Notably, the energetic pathways and structural mechanisms that drive
relaxation differ between these cases. Among the three models, Configuration 3 exhibits the
smallest charge transfer, likely due to the —CF3-terminated interface. This outcome confirms
that interfacial binding of Nafion to hydrated Pt occurs predominantly through the sulfonic
acid group. In this configuration, the polymer is effectively repelled from the hydrated Pt sur-
face, consistent with the weak, non-polar character of fluorinated terminal groups.

To visualize the detailed sequence of bond-breaking and bond-forming events occurring
during structural relaxation, Fig. 4.29 illustrates the spontaneous transformation pathways for
configurations 1 and 2 at two hydration levels (A = 3and A = 6). For configuration 1, panels (a)
and (b) show the atomic steps and corresponding energy drops under low and high hydration,
respectively. At low hydration [Fig. 4.29 (a)], the water molecules rotate toward the surface,
and the sulfonic group approaches the interfacial region. Limited water availability forces
the -SO3H group to remain largely undissociated, enabling dehydration reactions that form
sulfonic anhydrides (-SO,) and hydroxyl radicals (OH). These OH species bind strongly to the
Pt surface, consistent with the literature on sulfonic acid decomposition at metal interfaces [316,
317]. Subsequent steps involve hydrogen rearrangement, formation of new water molecules,
and progressive degradation of the Nafion terminal group, as reflected by the elongated S—C
bond lengths reported in Table 4.2.
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Fig. 4.29: Schematic of total energy differences (eV) between structures in the mechanism of (a)
configuration 1 under low hydration level (A = 3): OH formation and interaction with H,O
and SO3;H group separation, (b) configuration 1 under high hydration level (A = 6): H,O,
formation and Grotthuss mechanism, (c) configuration 2 under low hydration level (A = 3):
approaching of Nafion to the surface, Nafion modification, and formation of H3O*, and (d)
configuration 2 under high hydration level (A = 6): SO3H detachment and formation a H;O*.
Gray: platinum atom; Yellow: sulfur atom; Green: fluorine atom; Red: oxygen atom; Dark-
blue: carbon atom; Light-pink: hydrogen atom.

At high hydration [Fig. 4.29 (b)], an early detachment of the -SO3H group occurs, forming
SO,H and eventually SO, species. Water molecules participate in forming H,O, and hydro-
nium ions, and proton transfer progresses along water chains through a Grotthuss-type mech-
anism. Water molecules that stabilize on the Pt surface adopt O-Pt distances of 2.15 A t0 2.40 A,
while others move away and realign to continue proton hopping.

Table 4.2: Bond lengths (A) for Pt-O, S-O, and S—C in various configurations.

Bond Type C1(A =3) C1(A = 6) C2 (A =3) C2 (A = 6) C3 (A =3)
Pt-O 2.10 2.40 227 2.09 2.08
S-0 1.53 1.51 1.46 1.45 142
S-C* 2.06 1.97 1.89 1.93 1.84

" Reference S—C bond length in isolated Nafion is 1.89 A.

For configuration 2, the corresponding mechanistic steps are shown in Fig. 4.29 (c) and
(d). Atlow hydration [panel (c)], the initial rearrangement of water molecules facilitates pro-
ton extraction from the -SO3H group, forming a hydronium ion. The remaining SOz~ group
strengthens its bonding to the positively charged polymer backbone, preserving structural in-
tegrity. The resulting S-C bond length (1.89 A) matches the expected value for an intact sulfonic
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group. At high hydration [panel (d)], similar steps occur, but only one hydronium ion forms
and no subsequent proton hopping chain is observed, unlike configuration 1. Here, the main
hydration-dependent difference is a slight elongation of the S-C bond from 1.89 A to 1.93 A,
suggesting partial, but not complete, weakening of this linkage. Overall, these results demon-
strate that hydration level, interfacial geometry, and the nature of the Nafion functional group
collectively govern the stability, charge-transfer behavior, and chemical pathways of the hy-
drated Pt/Nafion interface.

To disentangle the effects of polymer degradation from intrinsic polymer—surface inter-
actions, a reference comparison with pristine Nafion is essential. In the pristine case, the
monomer remains at a larger equilibrium distance from the hydrogen-covered Pt surface, and
no significant deformation of the metal slab is observed. The reaction pathways are correspond-
ingly smoother, characterized by limited charge rearrangement and the absence of spontaneous
bond breaking or pronounced proton-transfer events. This behavior contrasts sharply with the
degraded Nafion configurations, where enhanced interfacial polarization and structural rear-
rangements are evident.

Although the chemical modification involves the loss of a single fluorine atom from the
Nafion backbone, its impact on the optimized interfacial structure is substantial. The removal
of fluorine locally disrupts the highly electronegative and insulating character of the polymer,
introducing a more polarizable site that reduces electronic screening and enhances coupling
between the sulfonic group and the Pt surface. This localized change in electronic structure
amplifies charge redistribution at the interface, facilitating stronger polarization effects and, in
some configurations, inducing surface deformation and reactive pathways that are absent in
pristine Nafion. These findings highlight how seemingly minor chemical defects can qualita-
tively alter polymer—-metal interactions through electronic-structure-driven mechanisms.

< Summary:
Config. 1 - sulfonate directly on Pt:

This configuration exhibits the strongest electronic coupling among the three models. The sul-
fonic acid group of Nafion interacts directly with the Pt surface, driving substantial charge
transfer from Pt atoms to interfacial oxygen species (sulfonate and water), as shown by CDD
and Bader analyses. The LDOS reveals the emergence of new occupied states near the Fermi
level at the sulfonate oxygen sites and at Pt—-OH bonds, confirming significant orbital hy-
bridization. This redistribution of charge destabilizes both the polymer end group and the
metal surface: Pt atoms are drawn outward, and the sulfonate begins to dissociate. Although
this configuration promotes reactive Pt-OH formation, it does so at the cost of polymer degra-
dation and surface disruption, consistent with previous reports of sulfonate-induced Pt oxida-
tion and membrane instability [316].

Config. 2 — hydrated interface:

In this configuration, interfacial water mediates the Nafion—Pt interaction, producing a more
stable and electrostatically governed interface. Proton transfer from the -SO3zH group to water
forms H3O", creating a local dipolar arrangement, but no significant charge is withdrawn from
Pt, whose LDOS remains essentially unchanged. The sulfonate group retains its insulating
character, with no hybridization and no states appearing near the Fermi level. This moderated
interaction preserves the structural integrity of both polymer and catalyst. Such behavior is
in strong agreement with XPS studies showing minimal core-level shifts for hydrated Nafion
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on Pt and with theoretical models emphasizing the role of interfacial water in enabling proton
transfer without perturbing the electronic structure of the metal [318-320].

Config. 3 — hydrophobic —CF3 contact:

When the —CF3 terminal group faces the Pt surface, interfacial charge transfer becomes neg-
ligible. CDD analysis reveals only weak local polarization, and LDOS confirms that neither Pt
nor —CFj3 orbitals contribute states near the Fermi level. The Pt-water interaction is simulta-
neously weakened, with only a single water molecule maintaining surface contact. The —-CF3
group remains electronically isolated and prevents hydrogen bonding or proton-transfer path-
ways from forming. This configuration, therefore, represents a weakly interacting, nonfunc-
tional interface. While structurally benign, it is likely detrimental to catalytic performance due
to the absence of both ionic and electronic coupling, consistent with earlier findings on inert
fluoropolymer, metal interfaces showing minimal work function modification and no evidence
of chemisorption [233].
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“The task is not so much to see what no one has yet seen,
but to think what nobody has yet thought,
about that which everybody sees.”

— Erwin Schrodinger —
Nobel Prize Laureate in Physics — 1933

5. Interfacial Behavior of PVDF Binders
on Oxidized Silicon for LIB Anodes

The interfacial behavior of poly(vinylidene fluoride) (PVDF) binders on oxidized Si(110) sur-
faces is investigated through formation-energy calculations, structural relaxations, charge den-
sity differences (CDD), and local density of states LDOS analysis. The study first evaluates how
oxygen coverage stabilizes the silicon surface, then examines adsorption of a- and B-PVDF, em-
phasizing the influence of polymer phase, molecular orientation, and surface functionalization.
By contrasting the non-polar a-phase with the polar p-phase, the work highlights how dipole
alignment, OH formation, and charge redistribution govern adhesion strength and interfacial
stability. The comparison of both phases identifies the atomic-scale mechanisms most relevant
for optimizing binder performance in next-generation silicon anodes.

% Chapter Outline

¢ Formation and Adsorption Energy (Sec. 5.1)

o This section introduces the oxidation of the Si(110) surface through formation-energy
analysis and quantifies PVDF-surface interactions by comparing adsorption energies
across phases, orientations, and oxygen coverages.

¢ Interfacial Behavior of a-PVDF on Oxidized Si(110) (Sec. 5.2)

o This section investigates how the non-polar a-PVDF chain accommodates oxidized Si
surfaces, focusing on structural rearrangements and the modest charge redistribution
revealed through CDD and LDOS calculations.

¢ Interfacial Behavior of B-PVDF on Oxidized Si(110) (Sec. 5.3)

o This section explores the interaction of polar B-PVDF with oxidized Si(110), showing
how dipole alignment and surface termination control adhesion strength and lead to
more substantial electronic coupling at the interface.

¢ Comparative Interfacial Behavior of x- and 3-PVDF (Sec. 5.4)

o This section contrasts the two PVDF phases, clarifying how differences in polarity,
orientation, and response to oxygen functionalization dictate their interfacial behav-
ior and suitability as binders for silicon anodes.
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5.1 Formation and Adsorption Energy

To investigate how surface oxidation modifies the reactivity of Si(110), the formation energy
(Eform) was calculated for two different oxygen coverages using:

Eform = E(slab+O) — Esiap —10Eo (Eq 5.1)

where E ;10 is the total energy of the oxidized slab, Egjy is the energy of the pristine Si(110)
surface, np is the number of adsorbed oxygen atoms, and Eg is the energy of atomic oxygen
evaluated from the energy per atom of O, in the same simulation cell. The calculated values
reveal a clear stabilization trend: the formation energy decreases from —0.197 eV for a coverage
of four oxygen atoms to —0.724 eV for a coverage of fourteen oxygen atoms. This increasingly
negative formation energy indicates that oxidation progressively stabilizes the surface, mainly
through saturation of Si dangling bonds.

Fig. 5.1 shows the initial and optimized configurations of the oxidized surfaces. Panels
(a) and (b) correspond to the four-oxygen case, while (c) and (d) show the fourteen-oxygen
configuration. In both systems, oxygen atoms insert into the surface by forming bridging Si-
O-Si linkages. After optimization, the Si-O bond lengths fall within the range 1.62-1.73 A, and
the Si-O-S5i angles (£ SiOSi) span from 99.25° to 144.88°, consistent with sub-stoichiometric
silicon oxides reported in the literature. Higher oxygen coverage leads to a denser and more
connected network of these linkages, further contributing to surface stabilization.

With the oxidized surface characterized, the interaction between PVDF and Si(110)/O was
examined by computing the adsorption energy (E,;5) for a variety of configurations according
to:

Eqis = E(slab+binder+0) - E(slab+O) - E(binder) (Eq 5.2)

where E 154 pinder+0) 18 the total energy of the combined binder+surface system, E 15,10y is the
energy of the oxidized slab alone, and E ;4. is the energy of the isolated binder evaluated in
the same supercell. Table 5.1 summarizes the adsorption energies for both the a- and B-phases
of PVDF, for two oxygen coverages, and for two molecular orientations (H-facing vs. F-facing).
For comparison, the final column lists the adsorption energies on an oxygen-free Si(110) sur-
face. The results confirm that oxidation substantially modifies the surface reactivity: in several
cases, most notably for the a-phase on the 14-oxygen surface, oxygen dramatically enhances
PVDF binding relative to the pristine silicon surface. This enhancement reflects the increased
polarity and stronger interaction potential of the oxidized surface, where Si-O terminations
can couple more effectively with the dipolar PVDF chains.
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Fig.5.1: y — z, and x — y planar views of the Si(110) slab: (a) initial and (b) optimized structure
of 5i(110) with 4 atoms of oxygen at the surface. (c) initial and (d) optimized structure of Si(110)
with 14 atoms of oxygen at the surface. Blue: silicon atom; Red: oxygen atom; Light-pink:
hydrogen atom.
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Table 5.1: Adsorption energy (eV) of selected minimum-energy configurations. The configura-
tions include both the « and p phases of PVDEF, two oxygen coverages, the surface-facing side
(H/F), and the in-plane polymer orientation. The last column reports adsorption energies on
O-free Si surfaces for comparison.

Si Surface PVDF Oxygen Side Direction E.qs (€V) Ea.gs (€V)
Phase Coverage Facing (O-free)
Si(110) « 4 oxygens Fluorine y —0.690 —0.539
Si(110) « 4 oxygens | Hydrogen X —0.540 —0.557
Si(110) « 14 oxygens Fluorine xy —2.463 —0.424
Si(110) « 14 oxygens | Hydrogen xy —1.136 —0.538
Si(110) B 4 oxygens Fluorine X —0.303 —0.404
S5i(110) B 4 oxygens | Hydrogen X —0.781 —0.567
Si(110) B 14 oxygens Fluorine y —0.165 —0.331
Si(110) B 14 oxygens | Hydrogen b —1.517 —0.568

Fig. 5.2 summarizes how the adsorption energy of PVDF on Si(110) varies with polymer
phase (« vs. B), surface-facing group (H or F), and degree of oxidation, highlighting the strong
dependence of interfacial binding on both the surface chemistry and the molecular structure of
the binder. For the a-phase, the trend is remarkably systematic: independent of whether the hy-
drogen or fluorine side is oriented toward the surface, increasing oxygen coverage consistently
strengthens adsorption. As seen in the figure, the adsorption energy of the fluorine-facing con-
figuration becomes markedly more negative when the oxygen content increases from 4 to 14
atoms (from —0.690 to —2.463 eV), and a similar stabilization occurs for the hydrogen-facing
configuration (from —0.540 to —1.136 eV). This monotonic behavior reflects the role of surface
oxidation in saturating Si dangling bonds, thereby enhancing electronic coupling and produc-
ing stronger PVDF-Si interactions.

In contrast, the f-phase displays orientation-dependent adsorption behavior. When the hy-
drogen side of B-PVDF faces the surface, higher oxygen content again leads to stronger bind-
ing, with the adsorption energy decreasing from —0.781 eV at 4 oxygen atoms to —1.517 eV
at 14 oxygen atoms. However, the fluorine-facing configurations show the opposite trend: ad-
sorption weakens progressively with increasing oxygen coverage, evolving from —0.303 eV (4
oxygen atoms) to only —0.165 eV (14 oxygen atoms). As visible in Fig. 5.2, the fluorine-facing
B-phase consistently occupies the region of weakest adsorption. This inversion arises because
fluorine atoms preferentially bind to unsaturated Si dangling bonds; once oxygen passivates
these reactive sites, the fluorine-Si interaction pathway is suppressed, leading to reduced adhe-
sion. The behavior is further influenced by the intrinsic dipole of f-PVDEF: when the hydrogen
side faces the negatively polarized oxidized surface, the molecular and surface dipoles align
attractively; when the fluorine side faces the surface, the dipoles oppose each other, generating
a repulsive component that becomes stronger with increasing oxidation.

117



Adsorption energies of PVdF on Si(110)
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Fig. 5.2: Adsorption energies of a- and p-phase PVDF on Si(110) surfaces with different oxygen
coverages, compared with O-free Si surfaces. The plot highlights the dependence of adsorption
stability on binder phase, surface orientation (H/F side), and oxygen content. Blue: silicon

atom; Red: oxygen atom; Light-pink: hydrogen atom; Gray: fluorine atom; Brown: carbon
atom.

Taken together, the results in Fig. 5.2 show that oxidation does not simply strengthen or
weaken adsorption. Instead, it introduces a highly selective response that depends on the
polymer phase and on which molecular side approaches the surface. These findings underscore
that optimizing PVDEF-Si interfacial stability for LIB anodes requires not only controlling the
oxygen content of the silicon surface but also accounting for binder orientation and phase-
dependent dipole interactions.

5.2 Interfacial Response of Non-Polar a-PVDF on Oxidized Si(110)

The adsorption geometries of a-PVDF on oxidized Si(110) are presented in Fig. 5.3 (a—d).
In panel (a): 7, the polymer is initially placed on a surface containing four oxygen atoms, with
its fluorine-rich side oriented toward the substrate. After structural relaxation, panel (a): f
shows that the chain undergoes a noticeable rotation: the segment on the right tilts downward
and adsorbs onto the surface, whereas the left portion is repelled, producing an asymmetric
configuration.

In Fig. 5.3 (b), the optimized structure remains largely similar to the initial arrangement, in-
dicating a comparatively weak interaction between the binder and the 4-oxygen surface. Only
small distortions appear on the oxidized Si(110), where surface oxygen atoms form weak, non-
covalent contacts with the hydrogen atoms of the polymer chain.

A very different behavior emerges when the number of oxygen atoms is increased to 14.
Panels (c) and (d) show that the higher oxygen coverage induces substantial reconstruction
of the Si surface, which begins to resemble a silica-like (5iO;) morphology. The formation of
multiple Si-O-Si bridges, with typical Si-O bond lengths around 1.6 A, reflects the progressive
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oxidation and partial transition toward an amorphous oxide network.

Fig. 5.3: Adsorption of a-PVDF with 4 oxygen atoms on the Si surface: (a) facing the fluorine
side, (b) facing the hydrogen side. Adsorption with 14 oxygen atoms on the Si surface: (c)
facing the fluorine side, and (d) facing the hydrogen side. i and f correspond to the initial
and final structures. Blue: silicon atom; Red: oxygen atom; Light-pink: hydrogen atom; Gray:
fluorine atom; Brown: carbon atom.
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The interaction of the polymer with the surface also becomes more orientation-selective.
When the fluorine side is directed toward the substrate, the binder tends to rotate during re-
laxation, indicating a preference for placing its hydrogen side closer to the oxidized surface.
As shown in Fig. 5.3 (d), the optimized configuration reveals an asymmetric adsorption pro-
file: the hydrogen atoms on the left side approach the silicon surface to approximately 3.53 A,
while those on the right side remain farther away at about 5.64 A. This pattern reflects simul-
taneous attraction and repulsion across the polymer backbone, driven by the local distribution
of surface oxygen and the polarity of the a-PVDF chain.

In the following section, the charge density difference (CDD) and local density of states
(LDOS) are examined to provide deeper insight into the adsorption and binding mechanisms of
PVDF on Si surfaces. These analyses allow us to assess charge transfer and interfacial electronic
structure for both O-free and oxidized substrates, clarifying how surface chemistry influences
the stability and interaction strength of the polymer-silicon interface.

Fig. 5.4 presents the LDOS obtained by summing the s- and p-orbital projections of a rep-
resentative surface Si atom for all investigated configurations. The comparison proceeds from
the clean Si surface (green shaded region), to the partially and fully oxidized surfaces (yellow
curves), and finally to the surfaces interacting with a-PVDE, both in the absence (red curves)
and presence (blue curves) of oxygen. Each panel corresponds to one of the four adsorption
geometries shown earlier, and the insets highlight the region around the Fermi level, where the
effects of oxidation and binding become most evident.
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Fig. 5.4: Local density of states of a Si atom at the top of the surface in 4 different configurations
as indicated in the legend. Filled green: on the pristine Si surface, yellow: on the oxidized Si
surface, red: on the pristine Si surface with a-PVDEF, blue: on the oxidized Si surface with a-
PVDE. In panels (a) and (b), the oxidized surface includes 4 and 14-oxygen atoms, respectively,
and the binder faces the surface with the fluorine side. In panels (c) and (d), the oxidized
surface includes 4 and 14-oxygen atoms, respectively, and the binder faces the surface with its
hydrogen side. In the insets, the focus is on the energy region of the Fermi level (E — Ergypi = 0).

For the pristine Si surface, distinct peaks appear at the Fermi level (green shaded region),
originating from under-coordinated Si atoms with unsaturated dangling bonds. These states
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persist when a-PVDF is adsorbed on the O-free surface (red curves), indicating that the poly-
mer alone does not passivate the reactive Si sites.

Upon oxidation, a clear suppression of the Fermi-level states is observed. In the partially
oxidized structures [panels (a) and (c)], the intensity of these peaks is reduced but not fully
eliminated, reflecting incomplete passivation of the surface. Full oxidation [panels (b) and (d)]
completely removes the Fermi-level states (yellow curves), consistent with the formation of
Si-O bonds that saturate the dangling bonds and stabilize the surface.

When a-PVDF is adsorbed onto the partially oxidized surfaces (blue curves in panels (a)
and (c)), the LDOS remains essentially unchanged relative to the oxidized surface alone, re-
vealing a weak interaction between PVDF and the Si(110)/O interface. The situation differs
markedly for the fully oxidized surface. When the H-side of the binder faces the surface [panel
(d)], a small but finite gap is preserved around the Fermi level, slightly narrower than in the
binder’s absence but still characteristic of a passivated, electronically stable interface. In con-
trast, when the F-side is oriented toward the fully oxidized surface [panel (b)], new states reap-
pear at the Fermi level, indicating localized interfacial electronic states. These arise from Si-F
interactions at the interface, as confirmed by the charge-density difference analysis in Fig. 5.5.

Overall, the LDOS analysis shows that while full oxidation stabilizes the Si(110) surface,
it does not eliminate its chemical reactivity toward fluorinated PVDF segments. In contrast,
interactions involving the hydrogen side of the polymer retain a more passivated electronic
structure, suggesting a more benign and stable interface when the H-side is directed toward
the oxidized silicon.

Fig.5.5 (a, b, d, and e) displays the CDD for the four adsorption geometries of a-PVDE. The
patterns reveal a complex distribution of charge accumulation and depletion, largely dictated
by the intrinsic “TGTG” conformation of the polymer chain, which exposes alternating F and
H atoms toward the Si(110) surface.

When the fluorine-rich side of the binder is oriented toward the surface [panel (a)], charge
depletion appears on the underlying Si atoms, while charge accumulation is observed on the
fluorine atoms, consistent with the strong electronegativity of F. Simultaneously, charge accu-
mulation on surface oxygen atoms and depletion on neighboring H atoms suggest the presence
of O-H dipolar interactions. Increasing the oxygen content on the surface [panel (b)] preserves
this overall pattern but enhances the magnitude of charge accumulation near oxidized Si sites,
indicating a more polarized interface.

When the hydrogen side faces the surface [panel (d)], the CDD pattern reverses: charge
accumulates on the surface Si atoms while charge is depleted on the H atoms of the binder.
This signature is consistent with weak Si-H interactions. At higher oxygen coverage [panel
(e)], these effects become even more pronounced. The yellow charge-accumulation regions
distributed on the surface oxygen atoms indicate stronger O-Si and O-binder interactions. Al-
together, the CDD maps suggest that interfacial binding arises primarily through weak Si-H or
Si-F charge transfer, modulated by the degree of surface oxidation.

These trends are further supported by the LDOS analysis in Fig. 5.5 (c) and Fig. 5.5 (f), which
present the projected electronic densities of states for a representative fluorine atom (F-side ad-
sorption) and hydrogen atom (H-side adsorption), respectively. For each case, three scenarios
are compared: (i) adsorption on the O-free surface, (ii) adsorption on the partially oxidized
surface (4 O atoms), and (iii) adsorption on the highly oxidized surface (14 O atoms). In all
configurations, the PVDF-derived electronic states lie more than 3 eV below the Fermi level,
well separated from the surface-derived states. This energetic separation confirms that PVDF
binds through long-range electrostatic and van der Waals interactions, without significant hy-
bridization with the Si or Si-O states at the Fermi level. The weak charge transfer inferred from
the CDD is therefore consistent with the LDOS.
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The evolution of peak positions with increasing oxidation shows opposite trends for F and
H. For the F-facing configurations [panel (c)], the PVDF peaks shift to higher energies relative to
the Fermi level as the oxidation level increases, reflecting reduced charge transfer as the surface
becomes increasingly passivated. In contrast, for the H-facing configurations [panel (f)], the
peaks shift to lower energies with higher oxygen content, indicating enhanced interaction of H
with the more polarized oxidized surface. This is also reflected in the peak intensities between
—4 eV and —3 eV: fluorine exhibits stronger interaction with the O-free surface (green curve),
whereas hydrogen interacts more strongly with the highly oxidized surface (red curve).

Together, the CDD and LDOS analyses demonstrate that the nature and strength of the
PVDEF-5i(110) interaction depend critically on which side of the polymer faces the surface and
on the degree of oxidation. Fluorine couples more strongly to unsaturated Si sites, whereas
hydrogen interacts preferentially with oxidized regions, providing a microscopic explanation
for the orientation-dependent adsorption energies discussed earlier.
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Fig. 5.5: Charge density difference (Ap) maps for the adsorption of a-PVDF on Si(110)/0O sur-
faces with 4 and 14 oxygen atoms are shown in panels (a), (b), (d), and (e). In panels (a) and
(b), the binder interacts with the surface through its fluorine side, while in panels (d) and (e) it
faces the surface with its hydrogen side. Panels (c) and (f) report the LDOS of a representative
fluorine atom (c) and hydrogen atom (f) of the binder for the O-free, 4-O, and 14-O surfaces.
Green and yellow isosurfaces (isosurface level = 0.001 e/ A%) indicate charge accumulation and
depletion, respectively. Blue: silicon; red: oxygen; light-pink: hydrogen; gray: fluorine; brown:
carbon.
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5.3 Dipole-Mediated Adhesion of Polar 3-PVDF on Oxidized Si(110)

A similar approach has been applied to investigate the adsorption behavior of the -phase of
PVDE. Unlike the a-phase, the f-phase adopts an all-trans (“TTTT”) chain conformation, which
presents a more uniform and extended molecular backbone. This regular geometry simplifies
the interpretation of the interfacial interactions, since the polymer dipole and the orientation of
its terminating groups remain well defined throughout the adsorption process.

The minimum-energy configurations of f-PVDF on Si(110)/O are shown in Fig. 5.6 (a—d).
When the fluorine-rich side of the polymer is oriented toward the surface [panels (a) and (c)],
the binder undergoes a noticeable rotational motion accompanied by a mild repulsion from the
substrate. This behavior is reflected in the Si—F separation: the initial distance of approximately
3.023 A increases to 3.388 A after structural relaxation. At the same time, the oxidized Si(110)
surface undergoes a partial reconstruction, forming O-5i-O bridge motifs reminiscent of the
early stages of SiO, network formation. These structural adjustments are consistent with the
reduced affinity of fluorine for an already oxygen-saturated surface, where Si dangling bonds
are largely passivated.

In contrast, the configurations in Fig. 5.6 (b) and (d) reveal a distinctly different behavior
when the hydrogen side of B-PVDF faces the surface. In these cases, the binder exhibits an
attractive interaction with the substrate, drawing closer during relaxation. The Si-H separation
decreases from an initial value of 3.129 A to 2.77 A in the optimized geometry, indicating a
more favorable coupling between the hydrogen-terminated polymer surface and the oxidized
Si sites. The absence of fluorine-facing repulsion and the presence of polarized O-Si bonds at
the interface allow the H-terminated side of the polymer to align more effectively with the local
electrostatic field of the surface.

Overall, the B-phase results reinforce the orientation-dependent nature of PVDF adsorp-
tion: fluorine-facing configurations tend toward repulsion and rotation, while hydrogen-facing
configurations consistently stabilize the interface.

A similar analysis is performed for the S-phase of PVDE. Owing to its all-trans (“TTTT”)
backbone, the interpretation of the interfacial behavior becomes more direct than in the a-
phase. The minimum-energy adsorption structures are shown in Fig. 5.6 (a—d). When the
fluorine side faces the surface (panels (a) and (c)), B-PVDF undergoes a rotation during re-
laxation and experiences a net repulsion from the substrate. This repulsion manifests as an
increase in the Si-F distance, which changes from an initial value of 3.023 A to 3.388 A after
optimization. At the same time, the Si surface reconstructs, forming O-Si—O bridge units remi-
niscent of SiO;. In contrast, when the hydrogen side interacts with the surface (panels (b) and
(d)), the binder is attracted toward the substrate. The H-Si distance decreases from 3.129 A
initially to 2.77 A, indicating a strengthening of the interfacial interaction.
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Fig. 5.6: Adsorption of B-PVDF with 4 oxygen atoms on the Si surface: (a) facing the fluorine
side, (b) facing the hydrogen side. Adsorption with 14 oxygen atoms on the Si surface: (c)
facing the fluorine side, and (d) facing the hydrogen side. i and f correspond to the initial
and final structures. Blue: silicon atom; Red: oxygen atom; Light-pink: hydrogen atom; Gray:
fluorine atom; Brown: carbon atom.

Fig. 5.7 presents the LDOS of a surface Si atom for these configurations. As in the x-phase,
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the pristine Si surface (green area) exhibits characteristic peaks at the Fermi level due to the
presence of under-coordinated surface Si atoms. These surface states progressively diminish as
the oxidation level increases and completely disappear in the fully oxidized case (yellow line in
Fig. 5.7 (b, and d)). When B-PVDF is adsorbed on the oxidized surfaces (blue lines), new states
emerge near the Fermi level. These states are markedly more pronounced when the fluorine
side faces the surface, reflecting Si-F bonding contributions [Fig. 5.7 (b)]. For the hydrogen-
facing orientation, the interfacial states arise instead from Si-H and O-H interactions [Fig. 5.7
(d)], consistent with the attractive character of the relaxed structures.
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Fig. 5.7: Local density of states of a Si atom at the top of the surface in 4 different configurations
as indicated in the legend. Filled green: on the pristine Si surface, yellow: on the oxidized Si
surface, red: on the pristine Si surface with B-PVDEF, blue: on the oxidized Si surface with p-
PVDE. In panels (a) and (b), the oxidized surface includes 4 and 14-oxygen atoms, respectively,
and the binder faces the surface with the fluorine side. In panels (c) and (d), the oxidized
surface includes 4 and 14-oxygen atoms, respectively, and the binder faces the surface with its
hydrogen side. In the insets, the focus is around the Fermi level (E — Epgpi = 0).

The CDD maps in Fig. 5.8 (a, b, d, and e) further clarify the charge-transfer mechanisms.
For the fluorine-facing cases [Fig. 5.8 (a, b)], both at 4 and 14 oxygen atoms, a modest charge
depletion occurs on the interfacial Si atoms (yellow regions), accompanied by a small charge
accumulation on a fluorine atom in the binder (green region). This pattern indicates weak but
non-negligible Si-F interactions. Increasing oxygen coverage enhances the amount of charge
localized on the oxygen-rich surface, consistent with reduced surface reactivity and the repul-
sive behavior seen in the relaxed structures.

When the hydrogen side faces the surface [Fig. 5.8 (d, and e)], the charge-transfer pattern
changes significantly. Larger regions of charge depletion appear on the hydrogen atoms of the
binder, while both Si and O atoms at the interface experience charge accumulation. This re-
distribution reflects a stronger and more direct Si-H interaction, which increases in magnitude
with higher oxygen coverage.

These conclusions are reinforced by the projected LDOS of selected F and H atoms shown
in Fig. 5.8 (c, and f). For the F-facing interface, the fluorine-projected states lie deep within
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the valence band (below —4 eV), and their peaks shift to lower energies as the oxidation level
increases. This shift results from an accumulation of electronic charge on fluorine, consistent
with weakened binding and increasing adsorption energies on oxygen-rich surfaces.

Conversely, when hydrogen faces the surface [Fig. 5.8 (f)], the H-projected LDOS shifts
upward in energy as oxygen coverage increases, with peaks gradually approaching the Fermi
level. This trend signals a depletion of electronic charge on hydrogen, exactly what is observed
in the corresponding CDD, and confirms the strengthening of the interfacial Si-H interaction.
The progressively more negative adsorption energies in this orientation reflect this enhanced
binding.

Overall, the B-phase exhibits a clear orientation-dependent interaction with the oxidized
Si(110) surface: Si-F interactions weaken monotonically with increasing oxidation, whereas
Si-H interactions strengthen, driven by charge transfer and the formation of partially ionic Si-
H/O-H interfacial motifs. This strong contrast is visible across the structural relaxations, CDD
patterns, and LDOS trends, and highlights the central role of polymer orientation in determin-
ing the stability and electronic character of PVDF-Si interfaces.
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Fig. 5.8: Charge density difference (Ap) maps for the adsorption of f-PVDF on Si(110)/O sur-
faces with 4 and 14 oxygen atoms are shown in panels (a), (b), (d), and (e). In panels (a) and (b),
the binder faces the surface with its fluorine side, while in panels (d) and (e) it faces the surface
with its hydrogen side. Panels (c) and (f) report the LDOS of a representative fluorine atom (c)
and hydrogen atom (f) of the binder for the O-free, 4-O, and 14-O surfaces. Green and yellow
isosurfaces (isosurface level = 0.001 e/ A%) indicate charge accumulation and charge depletion,
respectively. Blue: silicon; red: oxygen; light-pink: hydrogen; gray: fluorine; brown: carbon.
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5.4 Comparative Interfacial Behavior of a- and f-PVDF

The contrasting behaviors of the a- and B-phases of PVDF at the Si(110) /O interface, visible
both in the LDOS and in the optimized geometries [Fig. 5.3 and Fig. 5.6], can be rationalized
by considering the intrinsic polarity of the two crystalline forms. The a-phase is non-polar,
whereas the B-phase carries a strong permanent dipole along the polymer backbone. This
structural distinction dictates not only how each polymer approaches the oxidized silicon sur-
face but also how it redistributes charge and adapts during adsorption.

For a-PVDE, the absence of a permanent dipole results in generally weaker adhesion to ox-
idized silicon. The polymer tends to re-orient itself so that hydrogen atoms face the surface,
occasionally distorting its own chain to induce a local dipole aligned with the surface polar-
ization. This orientation is favorable because it enables the formation of reversible hydrogen
bonds with surface oxygen atoms, an effect that may enhance adaptability and contribute to
self-healing behavior under lithiation and delithiation cycles.

In contrast, B-PVDF displays stronger adhesion only when its hydrogen-bearing side faces
the oxidized Si surface. Its high polarity aligns naturally with the surface dipole, reinforc-
ing interfacial stability and reducing the likelihood of mechanical detachment during cycling
[321,322]. Existing literature has mainly examined PVDF as a cathode binder, where optimized
«/ B ratios improve cycling performance [323]. In Si-based anodes, however, tuning this phase
balance may also be critical for optimizing adhesion, mechanical resilience, and compatibility
with co-polymers used for enhanced conductivity or self-healing.

* Effect of Surface OH Groups on -PVDF Binding

To deepen the understanding of interfacial interactions, we also investigate how hydroxyl
(~OH) formation on the Si(110)/O surface influences f-PVDF adsorption. Since real oxidized
silicon surfaces commonly include OH terminations, their electronic and structural impact is
essential for realistic modeling. To simulate OH formation, a hydrogen atom was initially posi-
tioned 1.5 A above a surface oxygen atom. After relaxation, the hydrogen binds to the surface,
forming a stable -OH group. The f-PVDF monomer was then adsorbed with either its fluorine
or hydrogen side facing the OH-terminated surface.

Fluorine side facing the OH-terminated surface:

When the fluorine side of B-PVDF faces the surface, the adsorption energy becomes —0.366
eV, slightly stronger than the corresponding O-only surface (—0.303 eV). In the relaxed geom-
etry [Fig. 5.9 (a)], the binder subtly rotates toward the OH group. The CDD plot [Fig. 5.9 (b)]
shows a clear charge accumulation on the fluorine atom directed toward the newly formed OH,
demonstrating that Si-O-H polarization enhances long-range electrostatic attraction.

The LDOS analysis [Fig. 5.10] focuses on atoms experiencing the largest charge rearrange-
ments:

¢ Si LDOS reveals that the empty surface state just above the Fermi level (blue line in
Fig. 5.10 (a)) is almost completely suppressed after OH formation (red area), indicating
surface passivation.

e FLDOS [Fig. 5.10 (b)] remains largely unchanged, but subtle shifts at —4 to —6 eV suggest
modified hybridization due to the F-OH interaction.

* OLDOS [Fig. 5.10 (c)] broadens and shifts after OH formation, reflecting a changed chem-
ical environment.
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e HLDOS [Fig. 5.10 (d)] clearly distinguishes the OH-derived hydrogen, which exhibits a
unique peak around —6 eV, confirming its active participation at the interface.

Fig. 5.9: (a) Optimized adsorption geometry of f-PVDF on the Si(110)/O surface in the pres-
ence of a surface hydrogen atom. During relaxation, the hydrogen binds to a surface oxygen,
forming an —OH group that induces a rotation of the fluorine-facing f-PVDF monomer toward
the hydroxyl site. (b) charge density difference (CDD) map for the same configuration, showing
charge accumulation (green) on the fluorine atom of the binder and charge depletion (yellow)
on the Si—-O-H region of the surface. These features highlight the attractive interaction between
the F atoms of PVDF and the newly formed OH group. The isosurface level is 0.001 e/ A3. Blue:
Si; red: O; light-pink: H; gray: F; brown: C.

Overall, OH termination stabilizes the silicon surface, enhances electrostatic attraction with
fluorine, and modifies local hybridization without introducing states at the Fermi level.
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Fig. 5.10: Local density of states (LDOS) of the B-phase of PVDF fluorine-side interface on a Si
surface with hydrogen (OH-terminated) and without hydrogen (H-free). The LDOS is shown
for selected atoms: silicon in (a), fluorine in (b), oxygen in (c), and hydrogen in (d).
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Hydrogen side facing the OH-terminated surface:

The adsorption energy for the hydrogen-exposed B-PVDF becomes —0.723 eV, slightly weaker
than on the O-only surface (—0.781 eV). Upon relaxation, the polymer rotates toward the OH
group and approaches the surface more closely [Fig. 5.11 (a)]. The CDD plot [Fig. 5.11 (b)] re-
veals strong charge accumulation around surface O and Si atoms and depletion on the binder’s
hydrogens, indicating intensified Si-H and O-H interactions, and a stronger dipole-dipole
alignment.

Fig. 5.11: (a) Optimized adsorption geometry of B-PVDF on the Si(110)/O surface when the
hydrogen side of the polymer faces the substrate. Upon relaxation, the surface hydrogen binds
to an oxygen atom, forming an -OH group that pulls the B-PVDF chain closer and induces
a slight axial rotation toward the hydroxyl site. (b) charge density difference (CDD) map for
the same configuration, showing pronounced charge accumulation (green) on surface Si and O
atoms and charge depletion (yellow) on the hydrogen atoms of the binder. These features in-
dicate enhanced Si-H and O-H interactions and a stronger interfacial coupling in the presence
of surface OH groups. The isosurface level is 0.001 e/A3. Blue: Si; red: O; light-pink: H; gray:
F; brown: C.

LDOS features [Fig. 5.12] further clarify these effects:

¢ Si LDOS [Fig. 5.12 (a)] shows increased intensity near the Fermi level, pointing to en-
hanced interfacial reactivity.

e F LDOS [Fig. 5.12 (b)] develops new features close to the Fermi level in the OH case,
revealing modified bonding pathways.

* O LDOS [Fig. 5.12 (c)] shifts significantly toward the Fermi level (=1 eV), consistent with
deeper involvement in interfacial bonding.

¢ H LDOS [Fig. 5.12 (d)] distinguishes clearly between polymer hydrogens and the OH-
derived H, which exhibits unique states that reflect its structural and electronic role in
stabilizing the interface.

These results show that OH formation amplifies the polarity-driven interaction betweenp-
PVDF and the surface, particularly when the hydrogen side faces the interface.
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Fig. 5.12: Local density of states (LDOS) of the B-PVDF hydrogen-side interface on a Si surface
with hydrogen (OH-terminated) and without hydrogen (H-free). The LDOS is shown for se-
lected atoms: silicon in (a), fluorine in (b), oxygen in (c), and hydrogen in (d).

% Summary of « — 3 Interfacial Behavior:

In summary:
¢ «-PVDF (non-polar)
- Adsorbs weakly on oxidized Si(110).

- Interaction occurs mainly via hydrogen atoms and reversible hydrogen bonding.
- Less sensitive to additional surface terminations such as OH.

- More adaptable but less strongly bound.
¢ B-PVDF (polar)

- Exhibits orientation-dependent binding.

- Strong adsorption occurs when its hydrogen side aligns with the oxidized Si surface
dipole.

- OH groups significantly enhance binding through added charge transfer and polar-
ization.

- More rigid but provides stronger, more stable interfacial adhesion.

These differences highlight the crucial role of PVDF phase selection for silicon-based anodes.
Tailoring the a/f ratio could enable binders that simultaneously offer strong adhesion, me-
chanical resilience, and adaptive behavior under cycling conditions.
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“I think nature’s imagination
is so much greater than man’s,
she’s never going to let us relax.”

— Richard P. Feynman —
Nobel Prize Laureate in Physics — 1965

Conclusions

This dissertation has examined, from first principles, the fundamental mechanisms governing
polymer—electrode interactions in two technologically critical electrochemical systems: proton
exchange membrane fuel cells (PEMFCs) and lithium-ion batteries (LIBs). Across both studies,
a common theme emerges: the performance, stability, and durability of electrochemical devices
are intimately linked to the atomic-scale structure and chemistry of their interfaces. By com-
bining systematic configuration sampling with charge-density difference (CDD) analysis and
local density of states (LDOS) calculations, this work provides a clear microscopic picture of
how polymer orientation, functional groups, hydration, and surface chemistry dictate interfa-
cial charge transfer and structural stability.

For PEMFCs, the results reveal that the orientation and placement of a Nafion monomer
at the Pt(111) surface control not only the magnitude but also the nature of charge transfer.
In the case of degraded Nafion (16-F), placing the hydrophilic -SO3H group too close to the
hydrogen-covered Pt surface leads to spontaneous OH radical formation, accompanied by
monomer degradation and noticeable deformation of the Pt lattice. By contrast, for pristine
Nafion (17-F), structural optimization follows a different, non-reactive pathway, characterized
by weaker interfacial polarization and the absence of radical formation or significant surface
distortion. Conversely, increasing the initial separation allows for an optimized atomic ar-
rangement with hydronium formation without polymer degradation, preserving the surface
structure and yielding the most energetically favorable configuration. When Nafion interacts
through its -CF3 group, charge redistribution is minimal, no proton transfer occurs, and the
Pt surface undergoes a small contraction. These findings clarify how unwanted degradation
pathways originate at the Pt/Nafion interface and demonstrate that controlling monomer ori-
entation and interface spacing is essential for stabilizing proton-transfer pathways in PEMFCs.
The study also advances the field by providing a fully electronic, DFT-based description of
the Pt/Nafion interface, an area previously dominated by classical molecular modeling and
dynamics approaches.

For LIBs, the comparative analysis of a- and p-phase PVDF adsorbed on oxidized Si(110)
surfaces reveals clear polarity-dependent interfacial behavior. The nonpolar a-phase exhibits
weaker adhesion mediated primarily through reversible H-bond interactions, and its response
to oxygen coverage is modest. In contrast, the polar p-phase displays strong orientation-
dependent interactions: its hydrogen-terminated side adheres robustly to oxidized Si due to
favorable dipole alignment, while the fluorine-terminated side interacts weakly and is further
destabilized by surface oxygen saturation. The introduction of surface OH groups amplifies
these effects by modifying local charge transfer and inducing additional polarization, with -
PVDF showing a markedly stronger response than the a-phase. This systematic comparison
establishes that polymer polarity, orientation, and surface functionalization are decisive factors
governing binder-silicon adhesion, key for mitigating delamination, stabilizing the SEI, and
improving long-term cycling.

Taken together, these results underscore the broader significance of interface engineering
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in electrochemical devices. They demonstrate that the nanoscale arrangement of functional
groups, hydration, and surface terminations can either promote desirable ion-transfer path-
ways or trigger degradation mechanisms. The insights obtained here provide actionable de-
sign principles for next-generation materials: tailoring Nafion orientation and hydration struc-
ture to stabilize PEMFC catalyst layers, and selecting or modifying PVDF phases to enhance
adhesion and interfacial stability in silicon anodes. More broadly, the atomistic mechanisms
identified in this work highlight the importance of polarity matching, controlled surface func-
tionalization, and the deliberate manipulation of local electrostatics in the design of high-
performance, durable electrochemical interfaces.
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One day
We will once again
Find our doves

Then
Kindness and beauty
Will hold hands

The day
When the littlest song is a kiss
And when
Every human being
Is brethren to every other human being.

When no one locks their door,
Locks are fairy tales,
And the heart is all one needs to live.

The day
When the meaning of every word is to love,
So you wouldn’t need to look for your last words.

The day
When the rhythm of every word is life,
And I will wait for that day,
Even if I'm no more.

ADAPTED FROM A POEM BY AHMAD SHAMLOU

IN MEMORY OF THOSE
WHO LOST THEIR LIVES DURING THE 2025-2026 PROTESTS IN IRAN,
IN THE PURSUIT OF DIGNITY, FREEDOM, AND HUMAN RIGHTS,
WHOSE COURAGE AND SACRIFICE WILL NOT BE FORGOTTEN ...
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